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Abstract

This paper provides atomistic level findings regarding interfacial crack nucleation and propagation processes. To see the Cu=SiO2

cracking, we carried out nanoindentations in the Ru=Cu=SiO2 system using an atomistic/continuum coupling method. We found that
interfacial crack nucleation is triggered by heterogeneous dislocation nucleation. The resulting buckling delamination mode is qualita-
tively similar to that observed experimentally. In addition, comparison with the nanoindentation in the Cu=SiO2 system demonstrates
that nanoindentation testing utilizing the high-modulus Ru overlayer is an effective probe for evaluating Cu film delamination. In the
system with the Ru overlayer, the crack propagates along the interface in a brittle manner once the crack nucleates. On the other hand,
without the Ru overlayer, crack propagation is significantly retarded and less driven, which is attributed to a large number of plastic
events in the Cu film during loading. These results would provide a clear physical picture for explaining the experimental results.
� 2009 Acta Materialia Inc. Published by Elsevier Ltd. All rights reserved.
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1. Introduction

Ductile Cu film of nanoscale thickness bonded to a SiO2

substrate is an important structure in electronic devices.
The delamination of such an interface is known as one of
the critical failure modes that is strongly related to device
reliability [1–3]. Among a considerable number of experi-
mental methods for measuring delamination strength, nano-
indentation-induced delamination is the most common
technique and has the unique advantage of simplicity of sam-
ple preparation and applicability to small-scale materials [4].

In general, nanoindentation is not always suitable for
delaminating a ductile film due to its considerable plastic
deformation during loading [5]. To address this issue, Kri-
ese et al. [6] developed a nanoindentation test utilizing a
high-modulus overlayer and demonstrated that the method
is capable of promoting delamination of Cu film with a
wide range of thickness. However, even if delamination

can be successfully achieved, accurately determining the
value of interfacial toughness C is a crucial task. Based
on a linear fracture mechanics concept, C is defined as
the value of the critical stain energy release rate Gcrit when
the interface crack starts to grow. In indentation testing,
the value of Gcrit is estimated using the Marshall and Evans
mechanics model [7]. Although this model has been widely
applicable, it is actually premised on a simple assumption
about the complex plastic deformation of ductile film
induced by the indenter [4]. Since the detailed mechanisms
involved are still unclear, it is essential to understand the
relationship between the defect evolutions during loading
and the interfacial cracking process.

Our objective is to use atomistic-based multiscale mod-
eling to gain knowledge about how dislocation behavior in
nanoscale ductile film on an elastic substrate affects the
onset of interfacial cracking. For the same situation of duc-
tile film on an elastic substrate system, several numerical
studies using the finite element method (FEM) have previ-
ously been performed [8,9], mainly devoted to investigating
the effect of the interfacial adhesive properties on the
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delamination process. On the other hand, while an atomis-
tically based approach is a powerful computational probe
for providing insight into the defect behavior at fully atom-
istic resolution, few works have addressed crack initiation
in the above system. The previous atomistic simulations
have been limited to tackling the incipient plasticity event
(such as dislocation nucleation) during indentation [10,11].

The approach we develop here involves coupling molec-
ular dynamics (MD) and the continuum calculation based
on a FEM. Our approach was applied to nanoindentation
simulations in the Ru=Cu=SiO2 system. The choice of Ru
as an overlayer was motivated by: (i) its high bulk modulus
KRu, compared to that of Cu ðKRu=KCu ¼ 2:3Þ and (ii) its
promise as a diffusion barrier material in recent Cu inter-
connects [12]. In this study, we report several atomic-level
findings regarding the mechanism of interfacial cracking.
In addition, to investigate the effect of the high-modulus
overlayer on the cracking mechanism, the results are com-
pared with nanoindentation in the Cu=SiO2 system.

2. MD–FEM coupling model

A two-dimensional (2D) schematic of the MD–FEM
coupling model is shown in Fig. 1. The model consists of
a 6 nm thick Cu layer, capped by a 4 nm thick Ru layer,
on a 84 nm thick glass ðSiO2Þ substrate. The Ru, Cu and
a part of the glass substrate region are treated by MD.
Since the SiO2 is separate from the indenter, the region
should behave as an elastic solid. This permits us to treat
the large part of the substrate within a linear elastic
approximation in FEM, except near the Cu=SiO2 interface,
where a crack would nucleate. For the present case, the
substrate region, 5 nm from the Cu=SiO2 interface, is con-
sidered as a continuum. For the MD region, the periodic
boundary conditions are applied along the x and y direc-
tion, while the top surface of Ru is traction free. The sys-

tem contains about 1.1 million atoms and the cell sizes
are 10 nm� 100 nm� 94 nm. The length of the x axis is
large enough to capture the 3D feature of dislocation
behavior.

We use the generalized embedded atom method poten-
tial [13] to describe the Ru–Ru, Ru–Cu and Cu–Cu interac-
tions. Since the parameter sets for Ru are lacking, new sets
are separately developed according to the fitting procedure
given in Refs. [14,15]. The crystallographic directions along
the cell are x ¼ ½1 1�20�; y ¼ ½�1100� and z ¼ ½0001� for the
hexagonal close-packed (hcp) Ru lattice, and x ¼ ½10�1�;
y ¼ ½�12�1� and z ¼ ½111� for the face-centered cubic (fcc)
Cu lattice. For both materials, the number of unit lattices
involved along the x; y axes in the cell was chosen so as
to minimize the residual misfit strain (below 0.01%) [16].
Thus, the Ru/Cu interface is semicoherent and includes
misfit dislocations.

To simplify the modeling, the substrate atoms are
described as a spring model with a fcc lattice structure.
Here, the spring constant is given to reproduce a bulk mod-
ulus of 100 GPa and the lattice constant is identical to that
of Cu. In fact, the real oxide glass has a complicated amor-
phous structure. However, as several experiments and
FEM simulations have already demonstrated [9,17,18],
the glass substrate never yields until the indenter penetrates
the substrate due to the yield stress of glass being signifi-
cantly higher than that of ductile film. Thus, the above sub-
strate modeling is reasonable. It should be noted that the
Cu=SiO2 interface is atomistically coherent, but disloca-
tions emitted during indentation cannot penetrate into
the substrate.

Currently, the structural and physical properties of the
Cu=SiO2 interface are still unclear [19], and it is not a
straightforward task to represent the bonding properties
of the Cu=SiO2 interface in an empirical manner. From this
perspective, the interactions between Cu atoms and glass
atoms are modeled using the Lennard–Jones-type potential
function. The parameter sets are defined to reproduce the
intrinsic adhesion energy (thermodynamic work of adhe-
sion) Wad between Cu and SiO2. The Wad value has been
measured using various methods. From density functional
theory (DFT) calculation, Nagao et al. [19] directly deter-
mined the Wad of 0:331 J m�2 between Cu and SiO2 termi-
nated with hydroxyls. Kriese et al. [20] estimated the Wad of
0:2 J m�2 based on contact angle theory. They also experi-
mentally predicted the Wad using a nanoindentaion-
induced delamination testing. While the measured values
have a large scatter, the maximum of their distribution is
within the range of 0:2–0:3 J m�2 (see Fig. 6b in Ref.
[20]). Thus, the Wad of 0:2 J m�2 is used here. Further dis-
cussion about the dependence of the crack nucleation
mechanism on Wad is given in Ref. [21]. Nevertheless, com-
pared to the intrinsic adhesion energy of 4:6 J m�2 for the
Ru/Cu interface, Cu=SiO2 is regarded as a considerably
weaker interface in the present system.

Several techniques to couple the MD and FEM region
have been developed. The advantages and disadvantages

Fig. 1. 2D schematic of the nanoindentation model using a coupled MD–
FEM framework.
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of each technique were described in a recent review paper
[22]. For the present study, we use the patch approach
presented in Ref. [23]. Only a brief description is given
here; more details have been provided elsewhere [21]. In
this approach, the atomistic and continuum regions are
treated as separate systems, while the displacement of the
atoms or nodes at the MD/FEM transition region is pre-
scribed through the displacement–interpolation algorithm.
Through the energy minimization calculation, the mechan-
ical equilibrium of entire systems is realized. Here, since the
original version is limited to the static method, we extend
the method to the finite-temperature dynamic framework
by introducing Qu’s scheme [24]. The Langevin-type
thermostat layers are inserted in the substrate region to a
thickness of 4 nm. For the FEM part, 13,000 eight-node
hexahedron elements are used and the Watson Sparse
Matrix Package (WSMP) [25] is employed as an efficient
solver for a linear sparse matrix. Calculation were per-
formed using parallel computing with 16 processors.

For indenting, the rigid and cylindrical shape indenter
along the x axis with a radius R of 10 nm is employed.
The interaction between the indenter and atoms is
described using a simple repulsive potential [26]. The inden-
tation normal to the Ru(0 001) surface is performed up to
the penetration depth of 5 nm with a constant rate of
10 m s�1. The temperature of the thermostat region was
kept constant at 1 K during the simulations. In this study,
the loading rate and temperature effects are also considered
using different conditions (1 m s�1 and 300 K), and the cor-
responding results are briefly shown in the following
section.

3. Results

In Fig. 2, we show the load–displacement ðP–hÞ curve
during indentation. The overall system response can be
roughly divided into three different stages (I, II, III), corre-
sponding to the considerable changes in the deformation
process under the indenter. In the following, we provide
the detailed atomistic mechanisms observed at each stage.

3.1. Stage I: elastic response

The P–h curve during stage I in Fig. 2 shows that the
system responds almost elastically. However, the inelastic
events, which cannot be detected from the P–h response,
have already taken place during this stage. We show the
atomic displacement distributions of uy (Fig. 3a) and uz

(Fig. 3b) normal to the x ¼ 0 plane when the indentation
depth h reaches 0.64 nm (point (A) in Fig. 2). In Fig. 3a,
obvious discontinuities of the displacement uy on the Ru/
Cu interface and Cu=SiO2 interface are found, while the
uz displacement field in Fig. 3b is completely continuous.
The discontinuities at the Ru/Cu interface are attributed
to interfacial sliding mediated by misfit dislocation. On
the other hand, the discontinuity on the Cu=SiO2 interface
results from the creation of the misfit dislocation. These

inelastic events mainly occur at the region within 10 nm
from the z axis, where the shear stress acting on both inter-
faces is relatively high.

3.2. Stage II: dislocation nucleation under the indenter

The typical deformation mechanism observed in stage II
is a heterogeneous dislocation nucleation below the contact
area. Snapshots at indentation depths of h ¼ 1:92 nm
(Fig. 4a) and of h ¼ 2:20 nm (Fig. 4b) are shown. For clar-
ification, the surface, interface, hcp Cu and fcc Ru atoms
are presented in these figures. The local structure (fcc or
hcp) of each atom is defined through the CNA analysis
[27]. The first load drop at point B in Fig. 2 corresponds
to the heterogeneous nucleation of the Shockley partial dis-
location in Cu from the Cu=SiO2 interface, as denoted by
(i) in Fig. 4a. The second load drop at point C in Fig. 2
is a signal for heterogeneous nucleation of the dislocation
from the Ru/Cu interface. At the second drop, the Shock-
ley partial dislocations on the f1 11g slip plane in the Cu
nucleate from the Ru/Cu interface (see arrow (ii) in
Fig. 4b). At almost the same time, the perfect dislocations
on the f10�1 0g slip plane of Ru also nucleate from the same
interface (see arrow (iii) in Fig. 4b).

3.3. Stage III: onset of the cracking at the Cu=SiO2 interface

As shown in Fig. 2, at the indentation depth h of
4.14 nm, the P–h curve reaches its maximum value P crit, fol-
lowed by a rapid drop in the load P. The remarkable point
at the stage III is the interfacial cracking induced by the
heterogeneous dislocation nucleation. The sequences of
the MD snapshots during the interfacial cracking are

Fig. 2. Load–displacement ðP–hÞ curve during indentation. Stages I–III
correspond to the typical changes in the deformation process under an
indenter. Atomistic views of points (A)–(E) are described in the text.
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displayed in Fig. 5a–d. Prior to the load drop P ¼ 0:87P crit,
when the indentation depth is 3.95 nm (point D in Fig. 2),
the leading partial dislocation of the Burgers vector
b ¼ a0=6½121�ð�11�1Þ nucleates from the Cu=SiO2 interface
heterogeneously (Fig. 5a), where the a0 ¼ 3:615 Å is the
lattice constant of Cu. The nucleation site is 2:75a
(16.3 nm) away from the central axis, where a is the contact
radius defined by a ¼

ffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffi

2Rh� h2
p

. We see that this slip trig-
gers a small cracking zone, as denoted in Fig. 5a. Subse-
quently, the following nucleation of the trailing partial
dislocation of b ¼ a0=6½21�1�ð�11�1Þ on the same slip plane
enhances the extent of the cracking, as shown in Fig. 5b.
The load then reaches a maximum (P ¼ P crit, point E in
Fig. 2) when the length of the interfacial crack becomes
about 7 nm (Fig. 5c). For further loading, the crack prop-
agates rapidly toward the �y direction along the Cu=SiO2

interface in a brittle manner (Fig. 5c and d). Plastic events
in the Ru layer and at the crack tip are not observed during
crack propagation (Fig. 5d). During the indentation of
5 nm, cracking occurs only at the left side with respect to
the z axis (y < 0 region). We find that the buckling failure
mode shown in Fig. 5d is qualitatively similar to recent
observations during adhesion testing [1,4].

Here, the results for a different loading rate ð1 m s�1Þ
and temperature (300 K) are mentioned briefly. In both
cases, the underlying deformation mechanisms until inter-
facial cracking occurs are analogous to that reported in this
section. For the simulation with a rate of 1 m s�1, the P–h
curve reaches its maximum value P crit at an indentation
depth hcrit of 4.07 nm, which is close to that for 10 m s�1

case. On the other hand, for the simulation at 300 K, the
obtained indentation depth hcrit is 3.75 nm, which is about
10% lower than that for 10 m s�1 case. The reduction in
indentation depth at 300 K indicates that the heteroge-
neous dislocation nucleation event illustrated in Fig. 5 is
thermally activated.

4. Discussions

4.1. Crack nucleation mechanism based on heterogeneous

dislocation nucleation

One of the striking results of our simulation is that inter-
facial crack nucleation takes place through the mediation
of the slip event. In this section, we investigate the local
stress state near the Cu=SiO2 interface in order to provide

Fig. 3. Cross-section views of the MD region below the cylindrical indenter. Atomic displacement distributions of (a) uy and (b) uz normal to the x ¼ 0
plane, at the indentation depth h ¼ 0:64 nm, are illustrated.

Fig. 4. Atomistic views of the MD region below the cylindrical indenter. Structures of heterogeneously nucleated dislocation at the indentation depths of
(a) 1.92 nm and (b) 2.20 nm are presented. The hcp Cu atoms (red) and fcc Ru atoms (light blue) are displayed as defect atoms. Surface and interface
atoms of Ru (purple), interface atoms of Cu (yellow), and interface atoms of SiO2 (green) are also shown. Each arrow represent (i) Shockley partial
dislocations in Cu emitted from Cu=SiO2 interface; (ii) Shockley partial dislocations in Cu emitted from Ru/Cu interface; and (iii) perfect dislocations in
Ru emitted from Ru/Cu interface. (For interpretation of the references to colour in this figure legend, the reader is referred to the web version of this
article.)
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further understanding of this complex mechanism. In
Fig. 6 we show the stress distributions of the ry and rz com-
ponents along the �y direction on the Cu=SiO2 interface
just before the heterogeneous nucleation of the leading par-
tial dislocation. Each point represents an averaged value of
the atomic stress in Cu within 2.0 nm from the interface. As
expected, a high compressive stress of rz is found below the
contact region. It is also recognized that the tensile stress of
rz gives a peak value of approximately 1.6 GPa outside the
contact region. The tensile stress is caused by the resistance
of the substrate against the film bending [28,29]. On the
other hand, the indenter also provides the compressive ry

stress over a wide range along the y axis. Based on these
stress components, the resolved shear stress srss for the
leading partial dislocation of b ¼ a0=6½12 1�ð�11�1) is com-
puted (Fig. 6). Clearly, at the crack nucleation site, which

is about 2:75a apart from the central z axis, the srss distri-
bution reaches its maximum value of 3.0 GPa. This value
of srss is close to the theoretical shear strength of 2.0 GPa
for this empirical potential. Thus, it is reasonable to sup-
pose that the cracking site is a preferable site for heteroge-
neous dislocation nucleation.

It is also important to discuss the possibility that the
interfacial separation at this site occurs prior to dislocation
nucleation. Here, we investigated the ideal interfacial ten-
sile strength for Cu=SiO2 using a simple MD simulation.
We observed the failure at the Cu=SiO2 interface when a
1.65% tensile strain normal to the interface is imposed.
An interfacial tensile strength of about 2.2 GPa is obtained,
which is higher than the interfacial normal stress of
1.6 GPa acting on the cracking site. To check the effect
of the other stress components (particularly the high com-
pressive stress in y direction) on the interfacial tensile
strength, we have carried out the loading test, in which
the ry of �7.5 GPa is kept constant. The resulting interfa-
cial tensile strength of 1.9 GPa is still higher than 1.6 GPa.
These clearly demonstrate how the dislocation nucleation
event triggers interfacial crack nucleation.

We consider the above mechanism to be characteristic
of nanoscale film samples since a heterogeneous disloca-
tion nucleation is likely to be a dominant process for
the plastic deformation in small-volume samples due to
dislocation source starvation in the bulk [30]. As O’Day
has demonstrated [29], if film thickness reaches the submi-
cron scale, crack nucleation may be driven by collective
dislocation motion activated by Frank–Read sources in
the bulk.

Fig. 5. Atomistic views of interfacial cracking process in the Ru=Cu=SiO2

system. The left side with respect to the z axis within MD region are
shown. Each view is at the indentation depths of (a) 3.95 nm, (b) 4.01 nm,
(c) 4.14 nm, and (d) 4.53 nm. The colors of the snapshots are the same as
those in Fig. 4.

Fig. 6. Stress distributions of the ry and rz components along the �y
direction at the Cu=SiO2 interface (a is the contact radius) just before the
heterogeneous nucleation of the leading partial dislocation of b ¼ a0=6
½121�ð�11�1Þ. Resolved shear stress srss with respect to the [121]ð�11�1Þ slip
system is also shown.
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4.2. Effect of high-modulus Ru overlayer on crack

propagation process

To discuss the effect of the high-modulus Ru overlayer
on the crack propagation process, we performed a nanoin-
dentation simulation of the Cu=SiO2 system and compared
it with the result for the Ru=Cu=SiO2 system. First, the
time evolution of the crack propagation distance is shown
in Fig. 7. As mentioned in the previous section, in the
Ru=Cu=SiO2 case, the crack advances along the interface
in a brittle manner with a speed of about 370 m s�1 once
the crack nucleates. On the other hand, in the Cu=SiO2

case, the crack propagation is significantly retarded and
less driven (Fig. 7). This difference infers that the use of
the high-modulus overlayer tends to facilitate the delami-
nation of the Cu film, and the tendency is consistent with
the experimental result [1,4,6].

Here, an atomic-level interpretation is given through
MD snapshots during indentation (Fig. 8a–d). One of the
unique features in the Cu=SiO2 system is that the Cu free
surface plays an important role as a preferred dislocation
source ((i) in Fig. 8a). At the indentation depth of about
3 nm, multiple dislocation nucleation on the ð�11�1Þ slip
plane takes place continuously from the left contact edge
of the indenter ((ii) in Fig. 8b), and these dislocations trig-
ger crack nucleation at the Cu=SiO2 interface ((iii) in
Fig. 8b). During subsequent loading, as shown in Fig. 8c,
we observe complicated defect behavior in the system.
Accompanied by slow crack extension, a large amount of
dislocation is emitted from the upper crack surface. Some
of these dislocations behave as threading-type dislocations
which propagate above the crack in the �y direction ((iv) in
Fig. 8c). Others travel toward the surface and form the
pile-up region on the Cu surface ((v) in Fig. 8c). In addi-
tion, several dislocations newly nucleate from the Cu sur-
face ((vi) in Fig. 8c), which result in subcrack generation
ahead of the main crack ((vii) in Fig. 8c). These subcracks

relieve or alter the stress state of the main crack tip and
lead to the retardation of crack advance or crack tip clos-
ing. It seems that the driving force for crack propagation in
the Cu=SiO2 case is considerably reduced due to the plastic
energy dissipation, compared to the Ru=Cu=SiO2 case.

More importantly, it should be noted that, in previous
experiments, the elastic buckling model is employed to
determine the interfacial toughness. This model implicitly
assumes that the crack tip is apart from the plastic zone

Fig. 7. Time evolution of the crack propagation distance during inden-
tation into the Ru=Cu=SiO2 system and the Cu=SiO2 system, respectively.

Fig. 8. Atomistic representations of interfacial cracking process in the
Cu=SiO2 system. The left side with respect to the z axis within the MD
region is shown. Each view corresponds to indentation depths of (a)
2.54 nm, (b) 3.06 nm, (c) 3.97 nm, and (d) 4.62 nm. The colors of the
snapshots are the same as those in Fig. 4. Each arrow represents (i)
Shockley partial dislocation nucleation from the left contact edge of the
indenter, (ii) multiple dislocation nucleation from the left contact edge of
the indenter, (iii) main crack nucleation at the Cu=SiO2 interface, (iv)
threading-type dislocations propagating above the crack in the �y
direction, (v) pile-up region on the Cu surface, (vi) dislocation nucleation
from the Cu surface, and (vii) subcrack nucleation ahead of the main
crack.
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and its stress field remains almost elastic during delamina-
tion. The previous FEM simulation for the ductile film on
elastic substrate demonstrated that the crack tip is located
inside the plastic zone, and the above assumptions are not
valid [8]. Our atomistic result shown in Fig. 8 supports
these earlier findings.

In contrast, our simulation for the Ru=Cu=SiO2 system
clearly shows that the dislocation production and evolution
in Cu is restricted only near the indenter since the Ru needs
high energy to create a new dislocation and can store a lot
of elastic energy in the overlayer. As a result, the crack tip
completely leaves the plastic zone during crack extension.
This would satisfy the above assumptions. Thus, it can
be said that nanoindentation test utilizing a Ru overlayer
is capable of providing a reasonable measure of interfacial
toughness within an elastic framework.

5. Conclusions

To address an atomistic aspect of crack nucleation and
propagation at the Cu=SiO2 interface, we carried out nan-
oindentation simulations for the Ru=Cu=SiO2 system using
the finite-temperature MD–FEM coupling approach. The
simulation shows that heterogeneous dislocation nucle-
ation triggers interfacial crack nucleation. The analysis also
focuses on the effect of the Ru overlayer on the onset of
interfacial cracking through the simulations with and with-
out a high-modulus Ru overlayer. In the system with a Ru
overlayer, the crack propagates along the interface in a

brittle manner once the crack nucleates. On the other hand,
without a Ru overlayer, the crack propagation is signifi-
cantly retarded and less driven due to a large number of
plastic events during loading. The simulation results pro-
vide a clear physical picture of recent experimental results,
and demonstrate that nanoindentation utilizing a high-
modulus Ru overlayer is an effective test for evaluating
Cu film delamination.
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Appendix A. GEAM potential for hcp Ru

A way of determining the interatomic potential of hcp
Ru using an generalized embedded atom method is shown
in Ref. [14,15]. Here, Table A.1 provides a list of physical
properties of Ru associated with the present potential.
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Table A.1
Caluculated physical properties of Ru using the present GEAM potential.
Values of the cohesive energy Ehcp, the lattice constants a0; c0, the bulk
modulus K, the elastic constants Cij, the structural energy differences DE,
the unstable stacking fault energy for basal plane cus, the intrinsic stacking
fault energy for basal plane cs, and the heats of solution DH for several
Cu–Ru binary systems are listed. The experimental values are also shown
for comparison.

GEAM (this work) Exp.

Ehcp ðeV=atom�1Þ �6.74 �6.74 [31]
a0 (Å) 2.69 2.70 [32]
c0 (Å) 4.35 4.28 [32]
K (GPa) 310 310 [33]
C11 (GPa) 439 563 [33]
C12 (GPa) 209 188 [33]
C13 (GPa) 183 168 [33]
C33 (GPa) 755 624 [33]
C55 (GPa) 117 181 [33]
DEbcc–hcp ðeV atom�1Þ 0.058 –
DEfcc–hcp ðeV atom�1Þ 0.046 –
cus ðmJ m�2Þ 606 –
cs ðmJ m�2Þ 238 –
DH 1 ðeV atom�1Þa 0.111 0.104 [34]
DH 2 ðeV atom�1Þb 0.088 0.062 [34]
DH 3 ðeV atom�1Þc 0.102 0.104 [34]
DH 4 ðeV atom�1Þd 0.082 0.073 [34]

a ZnS-type RuCu.
b fcc-type Ru3Cu1.
c fcc-type Ru2Cu2.
d fcc-type Ru1Cu3.
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