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1. INTRODUCTION

All solids have an elastic limit beyond which their behavior changes in different ways
depending on the material they are made of. Brittle materials fracture—either suddenly
or progressively—while ductile materials undergo plastic deformation to differing
degrees. This elastic limit is governed by dislocation nucleation inside the crystal.
Nucleation, along with mobility of dislocations, therefore plays an important role in the
critical mechanical properties of strength and deformation of solid materials.

Because dislocations are by definition atomistic in nature [1-3], they can be
best understood through atomistic studies. The fundamental theoretical work on
dislocations, however, was for the most part done before researchers had access to
atomic scale information from microscopy or atomistic simulations. In this sense it was
out of the direct purview of material scientists for a long time. With the amazing
progress in numerical computational resources in recent years however, a number of
atomistic calculations have begun to elucidate the phenomenon of dislocation

nucleation.

1.1 Dislocation nucleation as a stress-mediated thermally-activated transition

Atomistic simulation techniques have been extensively employed in the past in order to
study the deformation of materials [4-17]. Molecular dynamics (MD), which can be



1. INTRODUCTION

used to probe the time-dependent evolution of an atomistic system driven by an applied
stress or strain state [18], has been the major atomistic technique used. However, the
need to keep track of all the atoms all the time severely limits the time horizon of MD
simulations. Stable and accurate numerical integration of the MD equations of motion
requires a very small time-step. In MD simulation of solids, in order to keep track of the
atomic vibrations the integration step is usually of the order of one femtosecond (10
s). For this reason the time horizon of MD simulations of solids rarely exceeds one
nanosecond (10”° s). This constraint constitutes a severe limitation to the total time that
can be feasibly simulated by MD using currently available computational resources. On
the other hand, dislocation behaviors of interest typically occur on time scales of
milliseconds (10°s) or longer. Such behaviors therefore remain out of reach of direct
MD simulations. Therefore, the deformation studies are limited to extremely high strain

rates—on the order of 1 X 10° s™ at the lowest [10,19].

As a result of these high strain rates forced on MD simulations, the stress
driving the formation and propagation of defects typically meets or exceeds the
athermal stress at which the processes are expected to occur spontaneously. The same
limitation holds for density functional theory (DFT) calculations [20,21] carried out for
ideal strength, in that they inevitably give information about strain-rate region that is far
removed from the experimental strain range. The gap between typical experimental
strain rates and strain rates available to MD and DFT is shown in Figure 1-1. The stress
dependence of activation energy for the two transitions shown in Figure 1-1 follow
different curves, which is a matter concerning activation volume (described in section
1.3.1). While MD or DFT calculations can give information about athermal stress, they
are silent when it comes to information about activation energies required for stresses in
the experimental stress regime. Secondly, due to extremely high strain-rates near the
athermal threshold, there is a high probability of many complex phenomena occurring
simultaneously so it is very difficult to isolate the transition of interest. To find out what
is happening in the experimental stress regime is a matter of great interest and utility to
engineers and materials scientists.

Dislocation nucleation is a typical stress-mediated, thermally activated

transition. Consider a system at equilibrium under applied shear stress, T, which sits at a
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local minimum in the potential energy landscape. The situation at t = 0 is shown
schematically in Figure 1-2 (a). The system requires overcoming the energetic barrier in
order for it to transform to another configuration, which is energetically unfavorable,
being an unstable configuration as compared to the original configuration. For the
system to overcome this barrier, it requires input of activation energy in the form of
thermal fluctuations.

When a shear stress is imposed on the system, the potential energy landscape
shifts (Figure 1-2 (b)) and the energetic barrier becomes lower and lower as the shear
stress increases. Finally, at the athermal stress, © = 74 in (Figure 1-2 (c)), the activation
barrier for the transition disappears altogether. When that happens, the initial
configuration becomes unstable and any small perturbation of the system will cause

immediate transition.

F 3
z \
Transition 2
Qi \
g \
&g \
5 \
5 \ Athermal
= Transition 1 > stress
= ~ .
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U .
< Experimental range

0.1 0.5 1.0 1
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Figure 1-1 Time-scale (strain-rate) problem in MD simulation: MD, like DFT, cannot
approach the experimental region of interest.

If the transition in question is dislocation nucleation, the perfect crystalline
lattice becomes mechanically unstable and a dislocation forms spontaneously at this
critical stress. For any stress below T4, the activation energy Q can be defined as the
difference between the energy of the local initial equilibrium configuration and the
maximum energy for the transition that must be overcome to complete the transition,
which occurs at the energy peak in the 3N dimensional space, called the saddle point

configuration. In general a range of stresses lower that the athermal stress exists for
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which the transition is feasible but requires the application of some thermal energy input
to overcome the activation barrier. Increase of temperature therefore has a lowering
effect on the strength of a material because thermal fluctuations allow dislocation

nucleation to happen at lower and lower stresses as the temperature goes up.

T =T
Aﬁm :’Lm initial energy level

Ne 0 —0\'
(a) (b) (c)

Figure 1-2 Schematic illustration of stress mediated thermally activated transitions.

The effect of temperature on dislocation nucleation can be studied theoretically
at three different levels [22]: the continuum based analysis based on the Volterra model
of dislocation line [1,23], the Peierls concept of a periodic stress—displacement relation
across the slip plane [24-28], and direct atomistic simulation [29]. Although the first
two approaches provide a rough basis for understanding the nucleation stress as a
function of geometrical and material parameters, dislocation nucleation being an
atomistic and highly non-linear phenomenon warrants the atomistic analysis for
quantitative predictions.

The need for atomistic analysis of dislocation nucleation along with the
inability of MD to approach the experimental strain-rates involved in the process have
prompted researchers to look elsewhere for atomistic treatment of the phenomenon.
Treating dislocation nucleation as a stress-mediated, thermally activated process [30], a
number of works based on the framework of reaction pathway sampling have been
reported in recent years: work on dislocation nucleation from a sharp corner in Si
[31,32], from a surface step in Ni [33], from a crack tip [34] in Cu, and from the corner
of a nanowire [35] in Cu, and homogeneous dislocation nucleation [36] in Cu, to name a
few. All these works report the minimum energy path (MEP) for the transition in
question; the highest point on this MEP, called the saddle point; and the activation
energy—which is the difference in energy between the saddle point and the original

configuration—required for the transition to occur.
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All these works, with the exception of the last one [36], while atomistic in
nature, deal only with heterogeneous systems. The problem with heterogeneous systems
is that because the results are subject to influence by the complex effects originating
from heterogeneities such as stress fields, surfaces, and other defects, the phenomenon
of dislocation nucleation cannot be studied at a fundamental level. Also, the activation
energies reported in such studies are presented as a function of nominal stresses,
whereas the actual stresses at the dislocation core are much higher because of the
presence of heterogeneities. The motivation behind establishing a coherent
methodology for predicting the favorability conditions for dislocation nucleation is that
once it is achieved, the nucleated dislocation can be handed over to continuum based
approaches such as Dislocation Dynamics (DD), which specialize in dealing with the
mobility of dislocations, for application in the field of semiconductor and MEMS
design.

The activation energies reported as a result of application of reaction pathway
sampling methods are connected to the macroscopic behavior of the material through

the transition state theory (TST) expression [37]:

—Q(o.T)} @

R=v,.. ex
MEP p{ kBT
where R is the temperature (T) and stress (o) dependent success rate of the transition,
vmep IS the trial frequency along the MEP for the transition, and kg is the Boltzmann
constant. Once the activation energy for a transition can be determined, that information

can be used to find out macroscopic information of nucleation rate.

1.2 Homogeneous Dislocation Nucleation

While there are an infinite number of scenarios for heterogeneous dislocation nucleation
in crystalline materials, homogeneous dislocation nucleation is the simplest scenario of
dislocation nucleation, and is of great academic interest to the materials scientists and
engineers in terms of the insight it can provide into the phenomenon of dislocation
nucleation at the most fundamental level. The transition of dislocation nucleation cannot

be studied at a fundamental level while focusing on inhomogeneous systems because
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the results are subject to influence by complex effects originating from heterogeneities
such as stress fields, surfaces, interfaces, and other defects, which distort the physical
picture. Also, the activation energies reported in such studies are presented as functions
of nominal stresses, whereas the actual stresses at the dislocation core are much higher
than those reported because of the presence of heterogeneities. In this study, we focus
on a homogeneous crystal and this allows us to examine the problem at a fundamental
level, where complex surface and stress concentration effects are not allowed to distort
the physical picture.

Homogeneous dislocation nucleation in a bulk perfect crystal has been
observed in experiments of atomic model systems of bulb raft [38] and colloidal crystal
[39-41]. Homogeneous dislocation nucleation has also assumed great importance in
view of the recent focus on nanoindentation as a means [42—44] of ascertaining the
onset of plasticity in crystals. Also, recently there has been experimental evidence [45]
of homogeneous dislocation nucleation in MEMS devices. This is significant,
considering the implications [46,47] for MEMS devices. Unlike macro-sized specimens,
where dislocations invariably nucleate from the surface because of the inherent surface
roughness; in nano-sized specimen (as found in nanoindentation and MEMS devices),
the smooth surfaces result in higher probabilities of homogeneous dislocations
nucleating from the interior regions of the material.

Finally, homogeneous dislocation nucleation is significant because of its close
relationship with the ideal strength of materials. The ideal strength is an important
parameter for understanding deformation mechanisms of materials. This ideal strength
is closely related to the stress required for spontaneous homogeneous dislocation
nucleation, i.e., the critical resolved shear stress for dislocation nucleation in a perfect,
faultless crystal [48,49].

1.3 Research objectives and construction of this thesis

The objective of this research is to study homogeneous dislocation nucleation in solids
in the framework of reaction pathway sampling, with a view to observe the influence of

crystal structure on this important transition. This study aims to improve understanding
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of four major areas of interest to the material scientists and engineers. These areas of

interest are as follows:

1.3.1 Homogeneous dislocation: Comparison between Si, Cu, and Mo

The first objective of this research is to compare three representative materials, one each
for diamond crystal, face-centered cubic and body-centered cubic materials. Si, Cu, and
Mo respectively have been chosen for that purpose (Figure 1-3).

Although many works in the framework of reaction pathway analysis on FCC
and DC materials have been reported in the past [27-34], they all deal with
heterogeneous systems. In BCC materials, no such past work exists. In this research
homogeneous dislocation nucleation in Cu [36] is reproduced and compared with
original results of homogeneous dislocation nucleation in Mo and Si. Attention is
mainly focused on the activation energy, activation volume, and the mechanics of the
saddle point configurations for dislocation nucleation in the three materials. Special
focus is placed on activation volume because it is inversely proportional to the strain
rate sensitivity for a macroscopic sample, and hence it can be measured experimentally
[50]. This is of great significance because activation volume is very closely related to
activation energy, which cannot be determined experimentally and therefore activation
volume is crucial for linking atomistic simulations to experiments.

Furthermore, the importance of activation volume lies in another practical
concern. Although with atomistic calculations one can compute the activation energy
for a thermally activated transition, there is a practical limit to the number of
calculations being carried out. Since one can only perform a finite number of
calculations, it is very important to have a physically sound functional form for
activation energy in order to interpolate the data. The activation volume is defined as
the stress derivative of the activation energy (refer to chapter 4). Activation volume is a
very important quantity to compute [29], because once the activation energy and
activation volume at a reference load o=0y is known, activation energy and therefore
nucleation rates at loads not too far from o, can be predicted [30] by employing the
Taylor expansion. Therefore one set of calculations can yield activation parameters for

points that are not separated too far from the reference point, resulting in enormous
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reduction of calculation costs. On an intuitive level, the higher the activation volume,
the more “collective” a transition is, that is, more volume of material is involved in the
transition. Estimates of activation volume for different processes are 0.02b° to 0.1b* for
activated vacancy hops [30], 3b® to 10b* for thermally activated dislocation emission
[50], and 1000b° for thermally activated forest dislocation cutting [30], where b is the

Burgers vector.

Figure 1-3 Three representative materials that form the subject of this study, namely,
comparison of homogeneous dislocation nucleation across materials of different crystal
structures: Body-centered cubic Mo (left), face-centered cubic Cu (middle) and
diamond-cubic Si (right).

One aim of this research is to highlight the differences in the homogeneous
dislocation phenomena in the three materials, caused by the different lattice structures

and bonding types of the individual materials.

1.3.2 Homogeneous dislocation nucleation: Comparison with Peierls-Nabarro (PN)
model results

Treating dislocation behavior as a continuum phenomenon makes it possible to consider
dislocations on length and time scales well beyond the reach of atomistic simulations.
The Peierls-Nabarro (PN) model [24-28] is a hybrid continuum-atomistic approach that
seeks to retain the analytical nature of the continuum theory for the long-range elastic
fields but also endeavors to captures the essential non-linear effects in the atomic core.

Out of all methodologies that are not fully atomistic in nature, the PN model is closest
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to the atomistic models. Viewing the host crystal as an elastic continuum, the linear
elasticity theory of dislocations offers a variety of useful analytical and numerical
solutions that are no longer subject to constraints of time or length scale. Although quite
accurate far away from the dislocation center, where the lattice distortions remain small;
continuum theory breaks down near the dislocation center, where lattice discreteness
and non-linearity of atomic interactions become important.

Atomistic results obtained in this research are compared with predictions made
by PN based models [28] for homogeneous dislocation nucleation, with an aim to

highlight the limitations of the PN model in terms of information acquired.

1.3.3 Link between homogeneous and heterogeneous dislocation nucleation

It is of significant interest to find out the link between the generally, but not always,
ideal case of homogeneous dislocation nucleation with the more common cases of
heterogeneous dislocation nucleation, which come in a very large number of
varieties—dislocation nucleation from voids, surfaces, interfaces, corners, notches,
cracks, etc.

Two scenarios [32,51] of heterogeneous dislocation nucleation in two different
materials are compared with their homogeneous dislocation nucleation counterparts.
Due to its importance, particular attention is focused on the activation volume for the
different cases of dislocation nucleation. The aim is to improve the understanding about
the phenomenon of dislocation nucleation by aiming to build a bridge between
homogeneous and heterogeneous dislocation nucleation. Finally, the ideal strength of
the perfect crystal followed by the quantitative effects of heterogeneities in terms of
lowering of the strength of the material from the reference ideal strength value are

discussed.

1.3.4 The shuffle-glide controversy in silicon

Two types [9] of dislocations can exist in the diamond cubic crystal structure of Si. If
the atoms belonging to wider (111) planes slip, the dislocation is called shuffle-set
dislocation (SD); if atoms on the narrower (111) planes slip, the dislocation is called
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glide-set dislocation (GD) (Figure 1-4). In general the glide-set dislocation exists as
partial dislocation, and the direction and magnitude of its Burgers vector is different
from that of the shuffle-set, as shown in Table 1-1 (a is the lattice constant for Si). The
relevance of this debate to this research is that this whole shuffle-glide debate is a
peculiar result of the influence of crystal structure, because the diamond cubic structure
is made up of one FCC lattice placed at (1/4i + 1/4j + 1/4k)a with respect to another
FCC lattice. Like FCC, the most dense plane (and hence the slip-plane) in Si is the
(111) plane, but with two choices for the (111) plane, the wide (111) plane and the
narrow (111) plane.

Figure 1-4 Glide-set and shuffle-set dislocations in Si [52].

A large number of studies have been performed over the years on dislocation
mobility in silicon. The presence of stacking faults is possible only in the case of the
GD and the widely accepted traditional understanding, based on experimental [53-55]
as well as theoretical [56,57] studies, has been that above the ductile-brittle transition,
the mobility of the GD is higher than that of the SD at high temperature and under low
stress. Duesbery’s model [56] clearly presents this picture. In contrast, a series of recent
experiments [58-61] have suggested that SD nucleates and moves at and below room
temperature under high values of hydrostatic pressure and shear stress. Pizzagalli and
Beauchamp [62], contradicting Duesbery’s work, have recently reported that SD are
more mobile than GD over the complete stress range, reviving the shuffle-glide

dislocation controversy.
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Table 1-1 Glide-set dislocation and shuffle-set dislocation

Burgers vector Type
Glide-set dislocation 1/6[1 1-2]a Partial
Shuffle-set dislocation 1/2[0 1-1]a Perfect

In recent years, numerous studies have employed atomistic calculations to
investigate the nucleation of dislocations in silicon. Godet et al. [63], using molecular
dynamics, have recently demonstrated the existence of two plastic regimes in
dislocation nucleation from a surface step in Si, with SD being nucleated at low
temperature and under high stress, and GD being nucleated at high temperature and
under low stress. On the other hand, the shear-stress dependences of the activation
energy for nucleation of SD and GD from a sharp corner in the framework of the
reaction pathway sampling method have also recently been reported [32], again
confirming the existence of the two plastic regimes. All these atomistic studies have
dealt with heterogeneous systems.

In this research, the shuffle-glide controversy is examined at a fundamental
level, free from complex surface and stress concentration effects that distort the physical
picture. The aim is to gain new insight on the shuffle-glide controversy in Si in terms of
activation parameters (activation energy, activation volume) and mechanics of the
dislocation core configurations. The homogeneous results are also compared with the
shuffle-glide results for heterogeneous dislocation nucleation from a sharp corner [32].

1.4 Arrangement of this document

This document consists of seven chapters, including this, the introductory first chapter.
In Chapter 2, the simulation techniques used throughout this research are presented in
some detail. The details of artificial loop insertion, the methodology of applying the
resolved shear stress on the slip-plane, and the visualization techniques used throughout
this document to present the atomistic saddle-point configurations are also described.
Readers familiar with the details of atomistic simulation techniques such as MD and
NEB may skip this chapter without any loss of continuity.

Chapter 3 contains the details of simulation models constructed for all the

situations considered in this research—homogeneous dislocation nucleation in Cu and
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Mo; and that of the glide-set and shuffle-set in Si. All primary simulation results are
also presented in this chapter. While no analysis of those results follows here, all these
results are used extensively for analysis and discussion in the later chapters as and when
required. It is believed that this segregation of primary results from secondary results,
discussion and conclusions makes for better coherence of this document.

Chapter 4 starts with the comparison of homogeneous dislocation nucleation in
three representative materials: diamond-cubic Si, face-centered cubic Cu and
body-centered cubic Mo. The comparison is presented in the form of activation energies,
mechanics of the saddle-point configurations and activation volumes. The aim is to
understand the influence of the different crystal structures on the dislocation nucleation
transition. Also in chapter 4 is presented a comparison between the results for
homogeneous dislocation nucleation and results previously published for two typical
situations of heterogeneous dislocation nucleation in an attempt to find the link between
homogeneous and heterogeneous dislocation nucleation. Finally, the influence of
heterogeneities in the reduction of strength from the maximum strength (ideal strength)
is also touched upon. While only two heterogeneous cases by no means cover the whole
range of heterogeneous systems, the discussion presented is considered as the first step
toward building the bridge between homogeneous and heterogeneous dislocation
nucleation.

Comparison of atomistic results with PN based models for homogeneous
dislocation nucleation is the subject of Chapter 5. The limitations of PN models are
highlighted along with the information that can only be made available by fully
atomistic approaches.

Chapter 6 deals with the shuffle-glide controversy in Si in terms of the
activation energy, activation volume and mechanics of saddle point configurations. The
role of mobility is also touched upon, along with comparison with traditional and recent
results regarding the shuffle-glide debate. Comparison is also made with heterogeneous
results for dislocation nucleation from a sharp corner, as a continuation of the effort to
find out the link between homogeneous and heterogeneous dislocation nucleation.

Chapter 7 concludes this document with a summary of the conclusions drawn

from this research, followed by the utility of this work in terms of future direction of
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research that can be based on it. The contents of this document are summed up as

follows:

Chapter 1
Chapter 2
Chapter 3
Chapter 4

Chapter 5
Chapter 6

Chapter 7

Background and aims of research

Methods employed

Simulation models and primary results

Comparison between Si, Cu and Mo

Comparison with heterogeneous systems

Comparison with PN based models

The shuffle-glide controversy in Si

Comparison with corresponding heterogeneous system

Conclusions and future directions
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2. METHOD

2.1 Introduction

This chapter presents brief descriptions of the simulation tools employed in this
research. An overview of the Nudged Elastic Band (NEB) algorithm and extended
schemes, which form the backbone of this research as the reaction pathway sampling
technique employed, is presented. Furthermore, established methods used in this
research, such as classical molecular dynamics and relaxation techniques, are
summarized because of their application in preparing the crucially important input
images for the NEB algorithm. Finally, details of input image preparation, stress
application, and visualization techniques employed for presentation of results are

described.

2.2 Classical molecular dynamics

Molecular dynamics (MD) is an established technique and extensive literature
pertaining to its basis and implementation is available [1-3]. MD keeps track of the
position and velocity of individual atoms by calculating the force applied on each atom.

This force calculation is made by using empirical potentials based on inter-atomic
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interactions. The laws of classical mechanics are applied to each atom and the resulting
differential equations are solved numerically. For N number of atoms, specification of
initial conditions for position and velocity locates the system in the 6N-dimensional
topological space, and the time evolution of each atom can be followed
deterministically. Thus it is possible to define the instantaneous values for dynamic
quantities of the system after each subsequent time interval. By assuming the Ergodic
hypothesis [4], whereby the long-term time average of instantaneous values of a
measured quantity along a trajectory equals the phase space average of that quantity,
values of macroscopic physical quantities can be determined.

In MD simulations, the motion of the individual atoms is traced by repeating
steps 2 through 5 after defining the initial conditions, as explained in the following

algorithm:

1. Define initial conditions (initial positions, initial velocities)

2. Based on the boundary conditions, figure out the atomic clusters to be used for
efficiently calculating inter-atomic forces (Book-keeping method).

3. Compute inter-atomic forces based on the atomic positions and empirical
inter-atomic potentials.

4. Calculate the atomic positions and velocities for the moment after time interval At
based on the Verlet algorithm.

5. Calculate relevant physical quantities

6. Go back to 2.

2.2.1 Periodic boundary conditions

The number of atoms contained in one cubic centimeter of a solid material is of the
order of the Avogadro’s number (Na= 6.022x10%). In comparison, a typical simulation
on a desktop workstation can handle only 10° to 10° atoms. Even in the billion-atom
simulations on massively parallel computers [5], the total number of atoms is still very
small compared to the Avogadro’s number. Therefore, unless one is specifically
interested in isolated nano-sized atomic clusters, the actual simulation volume is only a

very small portion of the material of interest. The behavior of atoms in the simulation
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volume is affected by a large number of surrounding atoms that cannot be explicitly
included in the simulation. The influence of these surrounding atoms is therefore
included implicitly and approximately, through periodic boundary conditions (PCB),
utilization of which is crucial for a successful atomistic simulation.

The idea of PCB is to embed the simulation volume or simulation cell into an
infinite, periodic array of replicas or images. This is illustrated in Figure 2-1 for a
two-dimensional simulation. The atoms in the replica are assumed to behave in the same
way as the atoms in the original or primary simulation cell [6]. Because the primary and
image cells are identical, the boundary of the primary cell can be shifted arbitrarily, and
such a shift has no effect on the dynamics of any atom, thus the translational invariance
of space is fully preserved [7], causing no artificial surface effects as long as the size of
the simulation cell is reasonably large. Atoms that escape the primary cell enter with the
same velocity into the primary cell from the image cell of the opposite side. Moreover,
forces are computed for atoms in the primary cell by including the contribution from
atoms of the image cells in addition to that from atoms of the primary cell. This makes
the simulation domain infinite, and it becomes possible to represent bulk characteristics
by using a very small computational domain. However, the dimensions of each length of
the unit cell must be made at least half of the cut-off radius of the inter-atomic potential

being used.

O O, O : L N
-0 <« 00O I~
o d| o
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Figure 2-1 Periodic boundary conditions. Surface effects are removed by using image
cells containing the identical information as the original unit cell.
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2.2.2 Book keeping and its acceleration technique

If one is not interested in long-range inter-atomic interactions such as the Coulomb
force, it is possible to generally approximate the force between atoms separated by more
than a few Angstréms by zero. If the range of inter-atomic interactions is expressed as a
cut-off radius rc, then by preparing neighbor lists of all atoms located inside the sphere
with a radius rc, it is possible to save computational cost by only considering the
interactions between atoms that are present in the neighbor list of a certain atom.

In addition, by setting another domain for neighbor lists with a radius R, which
is slightly bigger than r, it is possible to dispense with the need to figure out the latest
neighbor lists after each simulation step, which improves the efficiency of computation
further. These methods are referred to as book-keeping, and are shown schematically in
Figure 2-2 (left).

ith|regjion

I

Unit MD cell

Figure 2-2 Efficient book-keeping techniques (left) and 2D outline of the domain
subdivision algorithm for book-keeping (right).

Radius R, and the frequency of updating book-keeping information in terms of
number of simulation steps Ny, is determined as follows:

The average particle velocity V4 is computed from the kinetic energy of the
particles resulting from the system temperature Tx. The maximum particle velocity is

about three times their average velocity (vV'max = 3V'ave) [8]. The product of this velocity



2. METHOD

and the computation time (simulation steps multiplied by step interval Nyp4¢) yields the
maximum displacement of a particle inside the time interval involved. This comes out
to be Arc = Vax Nypdt. Therefore, for Ny, as long as R; = r. + Ar, particles from
outside cannot enter within the cut-off domain with radius r.

By exploitation of the above book-keeping method, the computation time
required at each information update becomes proportional to O(N?*). Despite the fact
that it is not necessary to do an update at every step, the algorithm can still not be called
a very efficient one if applied to big systems. In this research we have employed the
domain subdivision algorithm, which reduces the simulation time for each update to
O(N).

The outline of the domain subdivision algorithm is shown in Fig. 2-2 (right).
The simulation cell is divided into small sub-cells of side lengths longer than R.. All the
atoms are assigned to one of these sub-cells. During calculation of inter-atomic forces
for atoms assigned to a certain sub-cell, the interacting atoms come from either the same
sub-cell or from immediate neighbor sub-cells. For a two dimensional system, the
number of immediate neighbor sub-cells is only 9; for a three dimensional system, 27.
This reduction in the domain of updating causes a large-scale shrinking of required

computation time.

2.2.3 Equations of motion

In molecular dynamics, distinct equations of motion are used according to the ensemble
that is set up. The most fundamental ensemble is the Micro-canonical (NVE) ensemble,
which specifies the number of atoms (N), volume (V), and energy (E) as constant. For

NVE, the equations to solve are Newton’s equations of motion (Eq. 2.1).

i (2.1)

In this research in addition to NVE, the Canonical (NVT) ensemble, which

specifies the temperature to be constant, is also used.
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Temperature control
From the point of view of statistical thermodynamics, the temperature (T) of the system

can be expressed in terms of fluctuation of velocity v of the particles (Eq. 2.2).

g Nk, T = Z% m_v? (2.2)

Nose’s method [9] and velocity-scaling method are well-known ways of
temperature control. In this research the latter, which is simpler of the two approaches,
has been employed. In the velocity-scaling method, the temperature of the system is
brought near the desired temperature by adjusting its kinetic energy by forcibly scaling
the velocity va of each atom in the system. If the temperature measured from atomic

velocities at time t is T, the desired temperature is Tc, the velocity adjustment is applied

as (Eq. 2.3):
T
A 2.3

Numerical integration of equations of motion
Once the ensemble is specified, the next step is to solve the equations of motion by

using some suitable numerical integration technique. In this research, the integration of
molecular dynamics equations is performed by using the Velocity Verlet method [10].
Total system-energy conservation without error was confirmed after setting the

time-step At about 0.01 of the vibration cycle of the materials simulated.

2.2.4 Non-dimensional units

Computation results were rendered generality by non-dimensioning all physical
quantities into A—eV system. The non-dimensional units used in this research are as

follows:

Distance X" =

(r* =gj (2.4)



Mass m* =
Time t =

Velocity V=
Force F*=
Acceleration a' =
Temperature T =
Pressure (stress) :

Potential
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(2.5)

(2.6)

(2.7)

(2.8)

(2.9)

(2.10)

— (2.11)

Aol (2.12)

Table 2-1 Non-dimensional parameters for atomistic calculations

Parameter | Description Value

M Mass of Si atom 4.6643445x10 (kg)

Me, Mass of Cu atom 1.0552068x10% (kg)

Mo Mass of Mo atom 1.5931222x10% (kg)

ks Boltzmann constant 1.38062x103(J/ K™)

eV 1 Electron Volt 1.60219x10™°(J)

D Non-dimensional parameter for 1.00x10°(m)
atomic diameter
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2.3 The Nudged Elastic Band (NEB) Method

Nudged Elastic-Band (NEB) method [11-13] is a transition pathway sampling
algorithm that takes two distinct stable atomistic configurations on the reaction path,
sets one as the initial configuration and the other as the final configuration, and searches
the minimum energy path (MEP) that joins the two points in the configuration space.
The highest-energy point on the MEP (called the saddle point) represents the activation

energy involved in the transition (Figure 2-3).

Potential Activation energy

energy
[eV] KW

\ Initial configuration
Final configuration

Reaction coordinate

Figure 2-3 The Nudged elastic band method. The energy difference between the initial
configuration and the saddle-point configuration (highest point on the minimum energy
path) is the activation energy input required to affect the transition.

In general, a number of intermediate images are prepared between the initial
and final configuration by linear interpolation. The neighboring images are joined with
imaginary springs. The force on each intermediate image is expressed by Eq. 2.13. By
using the resultant of the spring force parallel to the path and the potential force
perpendicular to the path, the force on each image is minimized to search the MEP. The
component of the potential force perpendicular to the path is calculated using Eq. 2.14.
In cases where a number of distinct reaction paths between the initial and final
configurations are probable, or where the linearly interpolated images are feared to be

far from reaction path, convergence to the required MEP can be achieved at low
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computation cost by preparing in advance intermediate images between the initial and
final configurations.

The calculations of potential energy in NEB method involve the same
inter-atomic potentials and periodic boundary conditions as employed in the molecular

dynamics computations.

F--wiR)+(F 7 )m 2.13)
-w(R), =R+ (v(R) =k (2.14)
where
Ei . Force acting on image #i
ﬁ; . Position vector of atoms of image #i
F—ig : Spring force acting on image #i
V .  Potential energy

Vector tangent to the path of image #i

To help achieve convergence to the MEP, improved tangent method has been
used throughout [11]. This modification has been found to be very useful when the
force parallel to the replicas is large as compared to the force perpendicular to it,
resulting in undesirable kinks in the elastic band, especially when the number of images

is large.

2.3.1 Climbing image Nudged Elastic Band Method

It is possible to obtain images before and after the saddle-point by applying Eq. 2.13 to
all images. However, it is not possible to obtain the converged image at the saddle-point,
and therefore impossible to calculate the activation energy precisely. The Climbing
image NEB (CI-NEB) [12] addresses that limitation. As shown in Eq. 2.15, for the
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maximum energy image on the reaction pathway, the saddle-point image is located by
combining the component normal to the potential force and the negative of the one

parallel to the reaction pathway.

o) iRk e

2.3.2 Free End Nudged Elastic Band Method

If the energy difference between the initial and the final configurations is significantly
greater than the saddle-point energy, the density of images near the saddle-point
becomes low, resulting in loss of accuracy in the calculation of activation energy.

If the saddle-point lies in close proximity to the initial image on the reaction
pathway, the final image is not important in terms of calculation of the activation energy.
In the free end NEB (FE-NEB) [13], the calculation is commenced by treating an
intermediate point on the reaction pathway joining the saddle-point and the final image
as the new final configuration. Thus it becomes possible to increase the density of
images near the saddle-point without increasing the computational cost.

As shown by Eq. 2.16, without fixing the final image, by applying only spring
force normal to the potential force it becomes possible to converge to the MEP without
the need to change the energy of the final image.

 (FeR)vE)

|

(2.16)

In this work, the CI-NEB and the FE-NEB techniques have been employed in
combination. FE-NEB makes it possible to use lower number of replicas than would be
necessary in the ordinary NEB algorithm. This results in considerable saving of time
and resources. CI-NEB helps in converging to the saddle-point configuration and
prevents the conflict between competing configurations near the saddle point, which can

be detrimental to successful convergence to the MEP.
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A typical cycle of NEB convergence to the MEP consists of a preliminary
fixed-end run, followed by extensive free-end calculations. Once close to the converged

solution, the climbing-image algorithm is switched on.

2.3.3 Preparation of intermediate images

Intermediate images are prepared in ways depending on the problem to be handled and
the material in question. For materials with relatively high mobility (Cu and Mo), linear
interpolation between the initial and final image suffices as a good start, resulting in the
solution converging to the minimum energy path (MEP).

For the shuffle-set dislocation in Si, which has a relatively low mobility, MD
unloads provide reasonable intermediate images to be used as input for the NEB
algorithm. For glide-set dislocation and its extremely low mobility, even the MD
unloads are not satisfactory in terms of providing intermediate images fit for
convergence to the minimum energy path. For the glide-set dislocation, the dislocation
interpolation [14] method is used, which consists of making a series of artificial loops as
intermediate images to be used as input for the NEB algorithm.

2.4 Conjugate gradient relaxation

Conjugate gradient relaxation [15] is a very useful technique to search the stable
structure when dealing with an atomistic structure in a static manner, as opposed to the
dynamic manner in which MD approaches the problem. The working of the conjugate
gradient method is explained as follows.

To avoid having to deal with second order partial derivatives of complex
many-body potentials as used in MD, a method that does not involve the calculation of
the Hessian is employed. In the conjugate gradient relaxation, the direction of the
steepest descent of the potential energy and the one used in the search immediately
before are used to determine the next search direction. Once the search direction is
determined, linear search is carried out and the displacements that minimize the
potential energy are calculated and the position of atoms is kept on updated. In concrete
terms, the following takes place:
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1. The initial search direction is determined based on the steepest descent direction.

d, = —Vd(x) (2.17)

2. From the last search, g, is determined so as to minimize ®(x, + £,d,). B, is

determined by the bifurcation method in a way that it satisfies the Armijo criterion.
That is, for a constant v that does not depend on the number of steps for the

conjugate gradient relaxation, k, such that it satisfies 0 <v < 1:

D(x, + Ad,) < D(x,) +VAVD(x,)" d, (2.18)

The greatest S that satisfies the above equation is selected as 5, according to the

Armijo condition. As long as Armijo’s condition is not met for the specified v, 1/2 is

kept on multiplied to .
3. The atomic positions are updated.
X = X + B d, (2.19)
4. The search direction is updated.
d,,, =—VO(X,,)+7.d, (2.20)
5. For k=k+1, the calculation is repeated by returning to step 2.
In this research, for determining the stability of the atomistic structure, v is
taken to be 0.001, and the initial value for g is set as 0.00125. For calculations

demanding the stability of all atomic distances, v is set to be 0.0001, and the initial

value of 3 is assigned as 0.000125.
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2.5 About empirical inter-atomic potentials

In atomistic calculations, the inter-atomic potentials are expressed as functions of
position of all particles. The inter-atomic force is then determined by differentiating the
potential @ (Eq. 2.21).

F _.99 (2.21)

« or,

The physical properties and reproducibility of structure is dependent on the
accuracy of the empirical potential employed. Consequently a number of potentials
have been developed over the years for a diverse range of applications. The shape of the
potential function generally depends on the bonding characteristics of the material
concerned. For example, for inorganic compounds pair-potentials of the Lennard-Jones
type or Morse type [16] are widely used. On the other hand, for covalent bonded
materials, 3-body potentials (Tersoff type [17], Keating type [18]) are employed. For
metals, electron density functions embedded potentials of the EAM type have shown
considerable success over the years [19]. For Cu and Mo, the Mishin potential [20] and
the GEAM potential [21] have been used respectively in this research.

Because of the need to consider the strong directionality of covalent bonds in
Si, it is difficult to use pair potentials. Therefore many implementations of the more
complicated multi-body potentials have been proposed, the major ones being the
Stillinger-Weber (SW) potential [22], Tersoff potential [17], EDIP potential [23]. In this
research the SW potential has been employed because of its suitability [24] to the
phenomenon of dislocations in Si.

2.6 About stress application

For the nucleation of dislocations, it is necessary for stress to be applied on the slip
plane in the Burgers vector direction. A variety of methods for stress application have
traditionally been applied in atomistic simulations such as MD, such as distorting the
unit cell, or fixing atoms in a certain range [25-27]. In this work we apply stress by

deforming the unit cell.
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For an arbitrary stress in the direction of the Burgers vector, elastic constants

are used to determine strain corresponding to that stress.
oc=Cxg¢ (2.22)

where ¢ is the stress tensor, C is the elastic constant matrix, and ¢ is the strain tensor.
Based on the strain calculated, the unit cell of the periodic boundary conditions is
deformed and thereby shear stress is applied to the slip plane.

When shear stress is applied to the slip plane, the direction of the application of
the periodic boundary conditions in the atomic coordinate system becomes difficult to
determine. For example, as shown in Figure 2-4, for an atomic displacement in the y
direction, it sometimes becomes necessary to apply the periodic boundary condition in

the x direction as well, making the application of PCB complicated.

bl h/
4/5///

X

Figure 2-4 Unit cell under shear strain. Under shear stress application, the direction of
application of the periodic boundary conditions sometimes becomes complex and
problematic. That is averted with the aid of the transformation matrix.

To avoid this complication, a transformation matrix is used. By multiplying
this transformation matrix with the parallel hexahedron unit cell, the length of the unit
cell is transformed into a cube of length 1, and the atomistic calculations are executed

thereafter. The transformation matrix M is given by
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M=H" H=ly (2.23)

Where X, y, and z are non-parallel vectors with distinct 3 axes.

2.7 About visualization

In this research, we deal with diamond-cubic Si, face-centered cubic Cu, and
body-centered cubic Mo. The last two centro-symmetric materials and the defects
(dislocations) therein can be visualized in the form of Central Symmetric Parameter [28].
That is because the central symmetric parameter is a measure of how much a crystal has
departed from its symmetry as a result of slip of atoms. However, defects in the highly
unsymmetrically covalent-bonded Si cannot be viewed in this way. In this document we
present visual results in terms of the Slip Vector Representation [29] for the most part,
with an occasional use of centro-symmetry parameter [28] when comparing different
configurations of Cu.

Slip-vector is an expression of how much an atom has moved relative to its

immediate neighbors. It is defined as follows:

5 = —ni > (ke - x ) (2.24)

s fra

where ngis the number of slipped atoms, n is the number of nearest neighbors, x* and
X% are the vectors representing the relative position of atoms « and /8 at the current and
reference positions respectively. The reference configuration is the arrangement of
atomic positions associated with zero mechanical strain. Although for slip occurring at
two adjacent atomic layers the direction of slip vector has a problem in terms of the
sense, it is a useful indicator of atomic displacements.

Equation 2.34 results in the Burgers vector for the slip of adjacent atomic
planes, where the atom lies on one of those planes. The slip vector yields a large
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magnitude for any inhomogeneous deformation near an atom and provides quantitative

information about the deformation.

2.8 Summary

Simulation and presentation tools employed in this research have been briefly described
in this chapter.

The major simulation tool employed is the NEB algorithm. However, proper
working of NEB depends to a large extent on careful preparation of the initial input
images; and classical techniques such as MD and CG relaxation have been extensively
employed to prepare those. These simulation techniques have been described in some
detail.

Concrete methods for the preparation of input images, the application of stress
on the slip plane, and the visualization techniques employed in the presentation of

results have also been described briefly.
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3. MODELS AND RESULTS

3.1 Introduction

This chapter contains information about simulation models and simulation results of
reaction pathway sampling for homogeneous nucleation of dislocations of the
shuffle-set and glide-set in Si, and homogeneous dislocation nucleation in Cu and Mo.

All results listed in this chapter are primary results, presented without analysis
and conclusions. These results are used as and when required in the next three chapters
where homogeneous dislocation nucleation is examined from different perspectives.
The analyses and conclusions from the relevant perspectives can be found there.

In order to efficiently obtain activation barriers and saddle-point configurations
under various stress levels, various techniques of the nudged elastic band (NEB) method,
such as the improved tangent method [1], climbing image method [2], and free-end
method [3] have been employed. The calculation is considered to have converged when
the potential force on each replica vertical to the path becomes less than 0.005eV/A.

The approach has been similar to that of Zhu [4] and Boyer [5].
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3.2 Shuffle-set homogeneous dislocation nucleation in Si

3.2.1 Model

The basic simulation cell, shown in Figure 3-1, which simulates a perfect crystal,
consists of 302,400 atoms and is 23.0x11.5x22.8 nm®. Periodic boundary conditions are
imposed in all directions. Shear stresses are applied on the (111) plane in the [011]

direction by deforming the simulation cell so as to maximize the resolved shear stress

on the slip plane. The interatomic potential employed is the SW potential [6].

Units: nm 5(1 11) ‘

z[001] b [011]

P[0 | memmeesiee ey
x[110] £ A

{ 23.0 }

Figure 3-1 Simulation model for homogeneous dislocation nucleation of the shuffle-set
in Si. The slip plane and the direction of the Burgers vector are shown.

The initial NEB replicas for the shuffle-set are comprised of snapshots obtained
from molecular dynamics shrinking of an artificially introduced perfect dislocation loop.
The replicas are used after CG relaxation [7] to remove the effects of atomic vibrations.

The number of images for the NEB algorithm is 12.

3.2.2 Results: Activation energy and saddle point configurations

The configuration energy for a series of images along the minimum energy path (of
length unity), and saddle-point atomistic configurations for homogeneous dislocation
loop nucleation of the shuffle-set in Si under a series of <110>{111} resolved shear
stress values are plotted in Figure 3-2. The solid squares are the energies for atomistic
configurations along the reaction pathway calculated by the NEB method, and the curve
is a spline interpolation taken from the gradient of the energy landscape at the atomistic
configurations. This interpolation, as applied to the NEB algorithm was proposed by

Henkelman et al. [1], and it aims to satisfy the energy values and first order derivative
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between two points by a third order derived function; the curve is therefore not
continuous. The reaction coordinate has been normalized by the final coordinate value.
The saddle-point atomistic configurations are shown in the form of slip vector

representation [8].
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Figure 3-2 Configuration energy for a series of images along the minimum energy path

(left), and slip vector representation of the saddle-point atomic configuration (right)
under a series of <110>{111} resolved shear stress values for homogeneous dislocation
loop nucleation of the shuffle-set in Si.
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Figure 3-2 (continued) Configuration energy for a series of images along the minimum

energy path (left), and slip vector representation of the saddle-point atomic
configuration (right) under a series of <110>{111} resolved shear stress values for
homogeneous dislocation loop nucleation of the shuffle-set in Si.
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Figure 3-2 (continued) Configuration energy for a series of images along the minimum

energy path (left), and slip vector representation of the saddle-point atomic
configuration (right) under a series of <110>{111} resolved shear stress values for
homogeneous dislocation loop nucleation of the shuffle-set in Si.

The shear stress dependence of activation energy for nucleation of the

shuffle-set dislocation loop in Si is shown in Figure 3-3.
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Figure 3-3 Shear stress dependence of activation energy for nucleation of the
shuffle-set dislocation in Si. The slip system is <110>{111} for perfect dislocations.

3.2.3 Results: Maximum inelastic displacement

Figure 3-4 shows the stress dependence of the maximum inelastic shear displacement of
the dislocation embryo as defined by the length of the slip vector [8] normalized by the

perfect Burgers vector for shuffle-set dislocation.
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Figure 3-4 Stress dependence of the maximum inelastic displacement of the dislocation
core as defined by the length of the slip vector normalized by the perfect Burgers vector
for shuffle-set homogeneous dislocation nucleation in Si.
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3.3 Glide-set homogeneous dislocation nucleation in Si

3.3.1 Model

The basic simulation cell, shown in Figure 3-5, which simulates a perfect crystal,
consists of 302,400 atoms and is 23.0x11.5x22.8 nm®. Periodic boundary conditions are
imposed in all directions. Shear stresses are applied on the (111) plane in the [112]

direction. The interatomic potential employed is the SW potential [6].
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Figure 3-5 Simulation model for homogeneous dislocation nucleation of the glide-set in
Si. The slip plane and the direction of the Burgers vector are shown.

Owing to the very low mobility (high activation energy) [9,10] of dislocations
of the glide-set, glide-set partial dislocation loops of successive sizes were inserted
artificially by displacing atoms based on the dislocation-interpolation method [11]
followed by CG relaxation [7]. The initial input NEB images are 21, with images which
corresponding to negative potential energies (for big dislocation radii) disposed off. The

minimum number of NEB images till final convergence is 13.

3.3.2 Results: Activation energies and saddle-point configurations

The configuration energy for a series of images along the minimum energy path (of
length unity), and saddle-point atomistic configurations for homogeneous dislocation
loop nucleation of the glide-set in Si under a series of <112>{111} resolved shear stress

values are plotted in Figure 3-6. The solid squares are the energies for atomistic
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configurations along the reaction pathway calculated by the NEB method, and the line
is a spline interpolation [1] taken from the gradient of the energy landscape at the
atomistic configurations. The reaction coordinate has been normalized by the final
coordinate value. The saddle-point atomistic configurations are shown in the form of
slip vector representation [8].
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Figure 3-6 Configuration energy for a series of images along the minimum energy path
(left), and slip vector representation of the saddle-point atomic configuration (right)
under a series of <112>{111} resolved shear stress values for homogeneous dislocation
loop nucleation of the glide-set in Si.
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Figure 3-6 (continued) Configuration energy for a series of images along the minimum
energy path (left), and slip vector representation of the saddle-point atomic
configuration (right) under a series of <112>{111} resolved shear stress values for
homogeneous dislocation loop nucleation of the glide-set in Si.
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Figure 3-6 (continued) Configuration energy for a series of images along the minimum
energy path (left), and slip vector representation of the saddle-point atomic
configuration (right) under a series of <112>{111} resolved shear stress values for
homogeneous dislocation loop nucleation of the glide-set in Si.

The shear stress dependence of activation energy for nucleation of the glide-set

dislocation in Si is shown in Figure 3-7.

Activation energy [eV]

O R, N WS OOILO N WO

5 5.5 6 6.5 7 7.5

Resolved shear stress [GPa]

Figure 3-7 Shear stress dependence of activation energy for nucleation of the glide-set
dislocation in Si. The slip system is <112>{111} for partial dislocations.
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3.3.3 Results: Maximum inelastic displacement

Figure 3-8 shows the stress dependence of the maximum inelastic shear displacement of
the dislocation embryo as defined by the length of the slip vector [8] normalized by the

partial Burgers vector for glide-set dislocation.
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Figure 3-8 Stress dependence of the maximum inelastic displacement of the dislocation
core as defined by the length of the slip vector normalized by the partial Burgers vector
for glide-set homogeneous dislocation nucleation in Si.
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3.4 Dislocation nucleation in Cu

3.4.1 Model

For Cu, the basic simulation cell (shown in Figure 3-9) comprises 151,200 atoms and

simulates a 15.3x7.7x15.2 nm® perfect crystal. The interatomic potential employed is
the Mishin potential [12]. Shear stresses are applied on the (111) plane in the [112]

direction, which coincides with the partial Burgers vector for Cu, as it is energetically
more favorable for the perfect dislocation to dissociate into two Shockley partial
dislocations in face-centered cubic Cu [13,14]. Shear stress is applied by deforming the
simulation cell so as to maximize the resolved shear stress on the respective slip planes.

Periodic boundary conditions are imposed in all directions to remove all surfaces.

Units: nm 5(111)
: ,-‘"'v“‘ﬂz 152
' ""J.‘.\ -
' 3
z[oo1] _ : b 112 |
v[110] B { T i
x[110] E -
|« 153 l

Figure 3-9 Simulation model for homogeneous dislocation nucleation in Cu. The slip
plane and the direction of the Burgers vector are shown.

The initial NEB replicas are comprised of linear interpolations between the
initial atomic configuration and the final atomic configuration that has an artificially
introduced partial dislocation loop introduced into it by displacing atoms according to
the displacement field based on the dislocation theory, followed by CG relaxation [7].

The number of NEB replicas used is 12.

3.4.2 Results: Activation energies and saddle-point configurations

The configuration energy for a series of images along the minimum energy path (of
length unity), and saddle-point configurations for homogeneous dislocation loop
nucleation in Cu under a series of <112>{111} resolved shear stress values are plotted
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in Figure 3-10. The solid squares are energies for atomistic configurations along the

reaction pathway calculated by the NEB method, and the line is a spline interpolation

[1] taken from the gradient of the energy landscape at the atomistic configurations. The

reaction coordinate has been normalized by the final coordinate value. The saddle-point

atomistic configurations are shown in the form of slip vector representation [8].
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Figure 3-10 Configuration energy for a series of images along the minimum energy
path (left), and slip vector representation of the saddle-point atomic configuration (right)
under a series of <112>{111} resolved shear stress values for homogeneous partial
dislocation loop nucleation in Cu.
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Figure 3-10 (continued) Configuration energy for a series of images along the
minimum energy path (left), and slip vector representation of the saddle-point atomic
configuration (right) under a series of <112>{111} resolved shear stress values for
homogeneous partial dislocation loop nucleation in Cu.
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Figure 3-10 (continued) Configuration energy for a series of images along the
minimum energy path (left), and slip vector representation of the saddle-point atomic
configuration (right) under a series of <112>{111} resolved shear stress values for
homogeneous partial dislocation loop nucleation in Cu.
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Figure 3-10 (continued) Configuration energy for a series of images along the
minimum energy path (left), and slip vector representation of the saddle-point atomic
configuration (right) under a series of <112>{111} resolved shear stress values for
homogeneous partial dislocation loop nucleation in Cu.

The shear stress dependence of activation energy for homogeneous dislocation
nucleation in Cu is shown in Figure 3-11.
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Figure 3-11 Shear stress dependence of activation energy for homogeneous dislocation
nucleation in Cu. The slip system is <112>{111} for partial dislocations.
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3.4.3 Results: Maximum inelastic displacement

Figure 3-12 shows the stress dependence of the maximum inelastic shear displacement

of the dislocation embryo as defined by the length of the slip vector [8] normalized by
the partial Burgers vector for Cu.
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Figure 3-12 Stress dependence of the maximum inelastic displacement of the
dislocation core as defined by the length of the slip vector normalized by the partial
Burgers vector for homogeneous dislocation nucleation in Cu.
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3.5 Homogeneous dislocation nucleation in Mo

3.5.1 Model

For Mo, the basic simulation cell (Figure 3-13) comprises 77,600 atoms and simulates a
12.3x12.3x8.0 nm® perfect crystal. The interatomic potential employed is the GEAM
potential [15]. Shear stresses are applied on the (1-1 0) plane in the [111] direction,
which coincides with the Burgers vector for Mo. Shear stress is applied by deforming
the simulation cell so as to maximize the resolved shear stress on the respective slip
planes. Periodic boundary conditions are imposed in all directions to remove all

surfaces.
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Figure 3-13 Simulation model for homogeneous dislocation nucleation in Mo. The slip
plane and the direction of the Burgers vector are shown.

The initial NEB replicas are comprised of linear interpolations between the
initial atomic configuration and the final atomic configuration that has an artificially
introduced perfect dislocation loop introduced into it by displacing atoms according to
the displacement field based on the dislocation theory, followed by CG relaxation [7].

The number of NEB replicas used is 9.

3.5.2 Results: Activation energies and saddle-point configurations

The configuration energy for a series of images along the minimum energy path (of
length unity), and saddle-point configurations for homogeneous dislocation loop
nucleation in Mo under a series of <111>{110} resolved shear stress values is plotted in

Figure 3-14. The solid squares are the energies for atomistic configurations along the
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reaction pathway calculated by the NEB method, and the line is a spline interpolation
[1] taken from the gradient of the energy landscape at the atomistic configurations. The
reaction coordinate has been normalized by the final coordinate value. The saddle-point

atomistic configurations are shown in the form of slip vector representation [8].
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Figure 3-14 Configuration energy for a series of images along the minimum energy
path (left), and slip vector representation of the saddle-point atomic configuration
(right) under a series of <111>{110} resolved shear stress values for homogeneous
dislocation loop nucleation in Mo.
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Figure 3-14 (continued) Configuration energy for a series of images along the
minimum energy path (left), and slip vector representation of the saddle-point atomic
configuration (right) under a series of <111>{110} resolved shear stress values for
homogeneous dislocation loop nucleation in Mo.
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Figure 3-14 (continued) Configuration energy for a series of images along the
minimum energy path (left), and slip vector representation of the saddle-point atomic
configuration (right) under a series of <111>{110} resolved shear stress values for
homogeneous dislocation loop nucleation in Mo.
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Figure 3-14 (continued) Configuration energy for a series of images along the
minimum energy path (left), and slip vector representation of the saddle-point atomic
configuration (right) under a series of <111>{110} resolved shear stress values for
homogeneous dislocation loop nucleation in Mo.
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Figure 3-14 (continued) Configuration energy for a series of images along the
minimum energy path (left), and slip vector representation of the saddle-point atomic
configuration (right) under a series of <111>{110} resolved shear stress values for
homogeneous dislocation loop nucleation in Mo.

The shear stress dependence of activation energy for homogeneous dislocation
nucleation in Mo is shown in Figure 3-15.
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Figure 3-15 Shear stress dependence of activation energy for homogeneous dislocation
nucleation in Mo. The slip system is <111>{110} for perfect dislocations.

3.5.3 Results: Maximum inelastic displacement

Figure 3-16 shows the stress dependence of the maximum inelastic shear displacement
of the dislocation embryo as defined by the length of the slip vector [8] normalized by

the perfect Burgers vector for Mo.
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Figure 3-16 Stress dependence of the maximum inelastic displacement of the
dislocation core as defined by the length of the slip vector normalized by the perfect
Burgers vector for homogeneous dislocation nucleation in Mo.
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3.6 Summary

In this chapter, details of simulation models used, and primary results obtained from
reaction pathway analysis performed for homogeneous dislocation nucleation in Si, Cu,
and Mo have been presented. These results are used in the following chapters where

they are analyzed and conclusions are presented based on those analyses.
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4. COMPARISON BETWEEN Si,
Cu and Mo

4.1 Introduction

In this chapter, homogeneous dislocation nucleation is examined in three different
materials. Si, Cu and Mo are taken as representative of diamond cubic, face-centered
cubic and body-centered cubic crystals respectively, with an aim to highlight the
differences between them in terms of homogeneous dislocation nucleation. The Nudged
Elastic Band (NEB) method and extended schemes are employed for the reaction
pathway sampling of these materials (detailed results have been given in Chapter 3).
The work on homogeneous dislocation nucleation in Si and Mo is original, whereas the
results for Cu are a reproduction of Boyer’s results [1] for Cu in order to bring them up
to the point where they can be compared with original results for Si and Mo. The three
materials are compared in terms of the mechanics of their saddle-point configurations
and the respective stress dependences of their activation energies and activation
volumes. Focusing on the homogeneous system enables the comparison of the three
materials from the viewpoint of dislocation nucleation at the most fundamental level
possible, free from the complex effects of heterogeneities.

Homogeneous dislocation nucleation is also compared with two cases of

heterogeneous dislocation nucleation with an aim to understand the phenomenon of



4. COMPARISON BETWEEN Si, Cu and Mo

dislocation nucleation by linking the two forms of nucleation. Finally, ideal strength
determined for the homogeneous case is discussed, followed by the reduction of
strength caused by the presence of heterogeneities.

Data relevant to dislocations in the three materials under consideration is
tabulated in Table 4-1 below.

Table 4-1 Data relevant to dislocations in Cu, Si and Mo

) Lattice
Burgers Slip
Type constant
vector plane
a[A]
Cu 1/6[11-2]a | (111) Partial 3.61
Si 1/2[0 1-1]a | (111) | Perfect 5.43
Mo 1/2[111]a | (1-10) | Perfect 3.15

4.2 Activation energy

The shear-stress dependence of activation energy for homogeneous dislocation
nucleation in Cu, Si and Mo is presented in Figure 4-1. From Figure 4-1 (a) it is obvious
that the stress ranges corresponding to activation energies less than 5eV (realistically
feasible energy range) for the three materials are widely separated. Mo is by far the
most stress intensive material in terms of homogeneous dislocation nucleation, followed
by Si and Cu in the same order. The stronger BCC bonds of Mo make it more resistant
to dislocation nucleation. In fact the high stress values (in excess of 13 GPa) for
activation energies less than 5 eV make homogeneous dislocation nucleation in Mo a
practically unrealistic transition. Covalent bonded Si also shows considerable resistance,
albeit less than that displayed by Mo, to dislocation nucleation. Weaker FCC bonds of
Cu make it least resistant to homogeneous dislocation nucleation.

Unlike the case of Cu and Mo, where activation energies are determinate for all
stress values, saddle-point configurations for dislocation nucleation corresponding to
activation energy values less than 1.5eV could not be determined for Si. The dominance
of competing mechanisms such as twinning in this high-stress range may be the cause
of the absence of an athermal stress, where the transition is expected to occur

spontaneously without any input of thermal activation, for homogeneous dislocation
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nucleation in Si. Figure 4-1 (b) presents the comparison between the dependence of
activation energy on normalized shear-stress for homogeneous dislocation nucleation in
the three materials. The stress values are normalized by the critical shear stress values
for the relevant slip systems of Cu, Si and Mo respectively. Our result for Cu is in

reasonable agreement with Boyer’s result [1], which is also shown.
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Figure 4-1 Dependence of activation energy on (a) Resolved shear stress, and (b)

Resolved shear stress normalized by respective critical stresses, for homogeneous
dislocation nucleation in Cu, Si and Mo.
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Various relevant material properties of Mo, Si and Cu are shown in Table 4-2.
The ideal strength values are taken from Density functional theory (DFT) calculations
[2]. The unstable stacking fault energies for Mo, Si [3], and Cu [4] are obtained by
using the GEAM, SW, and Mishin potentials respectively. The high stress ranges
involved in homogeneous dislocation nucleation in Mo and Si, and the comparatively
lower stress ranges involved in the corresponding process in Cu qualitatively fit in with
the respective values of ideal strengths for the three materials.

The unstable stacking fault energy (yys) is considered to be closely related to
dislocation nucleation [5]. The stacking fault energy converted into absolute energy
units by multiplying it with the square of the Burgers vector (y.b?) can also be
considered as an indicator for the resistance to dislocation nucleation in a material.
Although these quantities do provide rough estimates, they cannot provide guantitative
information about activation energies under given stress conditions. Therefore, there
really is no replacement of fully atomistic analysis for studying thermally activated

transitions such as dislocation nucleation.

Table 4-2 Physical properties of Mo, Si and Cu relevant to dislocations

Material Unstable SF Shear Burgers yus-b2 Ideal Strength
Energy Modulus Vector [eV] [2]
Vs [I/M?] G [GPa] b [A] Tideal [GPA]
Mo 1.437 134 2.73 0.67 14.82
Si 0.830 64 3.84 0.76 9.62
Cu 0.160 41 1.47 0.02 2.16

4.3 Mechanics of the saddle-point configurations

Figures 4-2, 4-3 and 4-4 show saddle-point configurations, presented in the form of
slip-vector representation [6], corresponding to a series of resolved shear stress values
for Si, Cu and Mo. For Mo and Cu, the dislocation cores are elliptical in shape. For Cu,
this agrees with both atomistic [1] work as well as works performed in the PN
framework [7,8]. The elliptical shape of the dislocation core in Mo and Cu is a result of

the anisotropy of the Peierls barrier, which is lower for edge components than screw
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components of the dislocation loop [9-12]. The smooth and gradual bends for Cu and
Mo are attributable to their lower Peierls barrier, which means that the dislocation loop
can afford to take a shape which makes its overall length as short as possible [13]. In Si,
on the other hand, the dislocation cores corresponding to all stress values are hexagonal
in shape. The hexagonal shape is a result of the higher Peierls barrier for Si, which
causes the dislocation segments to lie along energy troughs such that short and sharp
kinks are formed. Due to the higher Peierls barrier, the dislocation segments prefer to lie
along the energy troughs as much as possible, which results in the hexagonal shape of
the core [13]. This also fits in with the observation in recent low-temperature
experiments [14] and simulation work [4] where dislocation loops in Si display
hexagonal shapes whose edges are parallel to <110> Peierls valleys on the {111} slip

plane.
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Figure 4-2 Saddle-point configurations corresponding to a series of resolved shear
stress values for homogeneous dislocation nucleation in Si.
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Figure 4-3 Saddle-point configurations corresponding to a series of resolved shear
stress values for homogeneous dislocation nucleation in Cu.
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Figure 4-4 Saddle-point configurations corresponding to a series of resolved shear
stress values for homogeneous dislocation nucleation in Mo.

The difference between the Peierls barrier of Si on the one hand and Cu and
Mo on the other is shown in the form a schematic drawing in Figure 4-5. In the former,
due to the higher Peierls barrier, the dislocation segments prefer to lie along the energy
troughs as much as possible, which results in the hexagonal shape of the core. In the
latter, the dislocation can afford to take a shape which makes its overall length as short

as possible.

A"

Figure 4-5 The difference in Peierls barriers: Low Peierls barrier (right) in Cu and Mo
results in elliptical dislocation cores, while high Peierls barrier (left) in Si results in
hexagonal shape of the dislocation cores.

Despite the differences in the length and direction of their respective Burgers
vectors, the slip vector distributions for Cu and Si, as shown in Figures 4-2 and 4-3, are
similar in the following respect: At low stresses the maximum slip vectors, which
approach the respective Burgers vectors, are observed for atoms at or near the center of
the loop, and they decrease gradually with increasing distance of the atoms from the
center. Mo (Figure 4-4) is different from both Cu and Si in that the maximum
displacement reaches a very small percentage of the Burgers vector (even for
comparatively low stresses). As the stress increases, for all materials the range of the

slip vectors of atoms in the dislocation core becomes smaller and smaller until the
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maximum slip vectors are reduced to very small fractions of the respective Burgers
vectors for the three materials.
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Figure 4-6 Comparison of the shear stress dependence of the maximum inelastic
displacement for homogeneous dislocation nucleation in Si, Cu, and Mo. The
displacements have been normalized by the Burgers vectors for the respective materials.

Figure 4-6 presents the shear-stress dependence of the maximum inelastic
displacement as expressed by the slip vector normalized by the partial Burgers vector
for Cu and perfect Burgers vectors for Mo and Si. While for Cu and Mo the maximum
slip vector decreases monotonically with the increase in applied stress, for Si the
maximum slip vector flattens out after decreasing steadily. This flattening might be

related to the fact that homogeneous dislocation nucleation in Si does not exhibit an
athermal stress.

Classical dislocation theory

\

Atomistic results

/" N\

.

Figure 4-7 Diffused dislocation core (red curve) and dislocation core assumed in the
classical dislocation theory (black rectangle).
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The fact that the dislocation cores for all materials show a diffused nature
(Figures 4-2, 4-3, 4-4 and 4-6), that is, maximum slip reaches a fraction of the Burgers
vector (shown schematically in Figure 4-7) means that dislocation nucleation can’t be
treated correctly by using the classical dislocation theory.

Fig 4-8 shows directions of the in-plane atomic displacements for
homogeneous dislocation nucleation in Si, Cu, and Mo. The directions of the
respective Burgers vectors are also indicated. For Si and Cu, the in-plane atomic
displacements are in the direction of their perfect and partial Burgers vectors

respectively.

Figure 4-8 Directions of the in-plane atomic displacements for homogeneous
dislocation nucleation in Si (left), Cu (middle), and Mo (right). The directions of the
respective Burgers vectors are also indicated (black arrows).

In the case of Mo however, the direction of motion of central atoms is inclined
with respect to the Burgers vector direction. Atomic displacements are in the <421>
directions and make an angle of 29° with the Burgers vector on the slip plane. Perfect
dislocations in Mo are understood not to dissociate into partial ones because it is
understood that due to the high unstable stacking fault energy, stacking faults don’t
exist in Mo. The inclined displacement of atoms is therefore surprising. The minimum
energy path for Mo indicates that the central atoms moving in directions inclined to the
Burgers vector decreases the energy requirements for the transition to occur, as

compared to the scenario where the atoms move parallel to the Burgers vector direction.

4.4 Activation volume

Activation volume is a measure of the extent of atomic movement involved in a
thermally activated process. On an intuitive level, the higher the activation volume, the

more “collective” a transition is, that is, more volume of material is involved in the
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transition [15]. Also, the higher the activation volume, the less sensitive the transition is
to thermal activations.

In practice, the activation volume has traditionally been considered to have a
number of different definitions [16,17]. The thermodynamics based conceptual measure
of activation volume for a thermally activated process is given as the stress derivative of
the activation energy [18]. This thermodynamics-based conceptual measure of the

activation volume of a thermally activated transition is expressed mathematically as:

B 2Q(7) (4.1)
or

Q=

where Q() is the stress-dependant activation energy and z is the shear stress. Therefore,
the higher the gradient of the energy curve for a transition, the higher is its activation
volume.

From the continuum point of view, there are descriptions such as those
developed by Cottrell and Kocks [16], where the activation volume is typically defined
structurally as the area swept out by the dislocation loop at the saddle point multiplied
by the Burgers vector of the dislocation. While this structural definition of activation
volume holds for continuum descriptions, it has a problem when dealing with atomistic
studies where very few atoms, if any, are displaced by amounts equal to the length of
the Burgers vector. In the current work fully atomistic methods have been employed to
study homogeneous dislocation nucleation, and it is aimed to provide a better
understanding of the stress dependant behaviour of the activation volume. The structural
definition of activation volume as proposed by Boyer [1] takes into consideration the
area of the dislocation core as well as the actual inelastic displacements moved by the
respective atoms. This is the most rigorous description of the activation volume because
it considers the discrete contribution from each individual atom in the dislocation core

that lies on the slip plane. This structural description is given by:

Qo :Iju(x, y) dxdy (4.2)

where u(x,y) is the in-plane inelastic displacement across the slip plane.
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The markedly steeper curve for Si and Mo, as is clear from Figure 4-1(b), in
the thermally activated region indicates that homogeneous nucleation in Si as well as
Mo is accompanied by a significantly higher activation volume than the corresponding
transition in Cu. Therefore, the dislocation nucleation process in Cu is much more
sensitive to thermal activations than the corresponding processes for Si and Mo. The
lower gradient of the energy curve for Cu confirms the higher temperature sensitivity
for homogeneous dislocation nucleation in Cu than in corresponding transitions in Si
and Mo. Therefore, although homogeneous dislocation nucleation is theoretically
possible with the aid of thermal activations in both Cu as well as Si (contrary to the
traditional understanding), the likelihood of that happening with the help of thermal
activations in Cu is much more realistic and feasible than in Si, although it cannot be
ruled out in Si either. The stresses required for homogeneous dislocation nucleation in
Mo are so great that it can be safely said that homogeneous dislocation nucleation
cannot happen in Mo even with the help of thermal activations.
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Figure 4-9 Comparison of the two definitions of activation volume for homogeneous
dislocation nucleation in Cu. The structural definition and the thermodynamic definition
are in good agreement.

Activation energy curve for a thermally activated transition is required in
advance in order to determine the thermodynamic interpretation of activation volume
for a certain stress level. On the other hand, the advantage of the structural activation
volume is that it can, in theory, be calculated for any one arbitrary point through
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simulation or experiment. Figures 4-9, 4-10 and 4-11 compare the two definitions of the
activation volume—the thermodynamic definition (Eg. 4.1) and the structural definition
(Eq. 4.2)—for homogeneous dislocation in Cu, Si and Mo respectively. It can be seen

that for the case of Cu, the two are in reasonable agreement (Figure 4-9).
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Figure 4-10 Comparison of the two definitions of activation volume for homogeneous
dislocation nucleation in Si. The structural definition gives quite low values as
compared to the thermodynamic definition.
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Figure 4-11 Comparison of the two definitions of activation volume for homogeneous
dislocation nucleation in Mo. The discrepancy between the structural definition and the
thermodynamic definition increases with decreasing stress.
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For Si, on the other hand, the structural values are a very small percentage of
the thermodynamic values throughout the range of the values shown (Figure 4-10). Mo
shows good agreement near the athermal threshold but as the stress becomes lower, the
discrepancy becomes larger and larger (Figure 4-11).

The discrepancies between the two definitions depending upon the material and
the stress range in question can be explained by observing the atomic displacements in
the layers above and below the slip-plane. Figure 4-12 shows representative atomic
displacements in the direction of the respective Burgers vectors exceeding 0.15A for the
three materials. The saddle point configurations shown in Figure 4-12 correspond to

comparatively low stress regime for the three materials.
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Figure 4-12 Extra slip-plane displacements of atoms in Si (left), Cu (middle), and Mo
(right) for homogeneous dislocation nucleation. Only atoms with displacement in the
Burgers vector direction exceeding 0.15A are shown.

Inspection of saddle point configurations shows that for Cu, the dislocation
nucleation process is essentially a two-plane process in which the two planes slide past
each other with little effect on atoms on other planes. This is irrespective of the stress
applied to the crystal. This would explain why the two definitions of activation volume
are in agreement in the case of Cu.

Si shows the opposite of this behavior in that many layers of atoms are affected,
irrespective of the applied stress values. Mo is an interesting case in that for high stress
values the core approaches the two-plane core similar to Cu; but as the stress is
decreased and the transition goes into the thermal activation regime, atoms in many
more layers are displaced considerably. It appears that for Si and Mo (in the low stress

regime) it is energetically favorable for the atomic displacements to happen in this
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collective, cup-like manner as opposed to the strictly two-plane, disc-like mechanism in
Cu. The extra slip-plane displacements seem to be more pronounced for Si than Mo. It
could be the effect of the directionality because Si is more directional than Mo, which in
turn is more directional than Cu. The difference between perfect Burgers vector for Si
and Mo on the one hand, and partial Burgers vector for Cu on the other, might also be
the reason behind this behavior. This would explain the greater discrepancy between the
two definitions of activation volume for Si as compared to Mo. This extra slip-plane
displacement is another consideration that cannot be taken into account by
methodologies other than fully atomistic techniques, such as the PN methodology. The
structural definition of activation volume, therefore, can underestimate the activation
volume depending on the material and stress range in question. It gives reasonably
accurate results for Cu whereas it underestimates the activation volume for Si for the

whole stress range, and Mo for low stresses.

4.5 Link between homogeneous and heterogeneous dislocation nucleation

In this section the relationship between dislocation nucleation in homogeneous and
heterogeneous systems is examined. Results for homogeneous dislocation nucleation in
Cu and Si reported in this research are compared with heterogeneous results reported in
literature.

Out of the very wide variety of heterogeneous systems, dislocation nucleation
from the corner of a Cu nanopillar [19] and dislocation nucleation from a sharp corner

in Si [20,21] are selected for this comparison.

4.5.1 Comparison with heterogeneous system 1: Dislocation nucleation from the
corner of a Cu nanopillar

Results for homogeneous dislocation in Cu are compared with heterogeneous
dislocation nucleation from the corner of a Cu nanopillar under compressive stress [19].
This comparison is relevant because the same potential (Mishin potential) [22] has been
used in both studies. The sharp-corner model [19] is shown in Figure 4-13. There are
surfaces normal to the x [100] and y [010] directions, whereas in the z direction [001]

periodic boundary condition is imposed.



4. COMPARISON BETWEEN Si, Cu and Mo

PhbbbaBRRR BN

k‘[om]

[100]
Figure 4-13 Dislocation nucleation from the corner of a Cu nanopillar under
compression (Fig. 3(a) in Ref. [19]).

Activation energy
The comparison of activation energy curves for homogeneous and heterogeneous

nucleation in Cu is presented in Figure 4-14. The compressive stresses for Cu nanopillar
have been converted to resolved shear stresses by using the Schmid factor.

Activation energies under stresses of 70% of the respective athermal (critical)
stresses for the heterogeneous case and the homogeneous case are 0.05 eV and 1.2 eV
respectively. This translates into a 95% reduction of the activation energy for the
heterogeneous system as compared to the homogeneous case. The athermal stresses for
the heterogeneous system and the homogeneous system are 4.85 and 2.12 GPa

respectively.
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Figure 4-14 Activation energy for homogeneous dislocation nucleation and dislocation
nucleation from the corner of a nanopillar under compression in Cu. (a) Resolved shear
stress dependence, (b) Normalized resolved shear stress dependence.

Saddle point configurations
The comparison of saddle point atomistic configurations for homogeneous and

heterogeneous nucleation in Cu under stresses of 70% of their respective athermal
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stresses is presented in Figure 4-15. Atomistic configurations are shown in the form of
centro-symmetry representation [23], with only atoms without centro-symmetry being
displayed. The size of the dislocation core for the heterogeneous system is much smaller
than that for the homogenous case. In terms of the number of atoms in the dislocation
core at the saddle point, it is 9 against 52 for heterogeneous and homogeneous

nucleation respectively.

(b)
Figure 4-15 Saddle point configurations for (a) dislocation nucleation from the corner
of a nanopillar under compression and (b) homogeneous dislocation nucleation in Cu.

The size of the dislocation core for heterogeneous dislocation nucleation is smaller
because of geometric as well as structural reasons. The loop radius itself is smaller
because of the physics of the phenomenon. In addition to this, as opposed to the full
elliptical loop for homogeneous dislocation nucleation, there is quarter of a loop in case
of nucleation from the corner, because of geometrical reasons.

Another important consideration is the fact that the stress figures quoted for the
heterogeneous case are the nominal stress values, whereas the actual stress values near
the heterogeneity (corner in this instance) are markedly higher because of the inevitable
stress concentration. The high true stresses would result in smaller radii of the

dislocation core and hence lower activation energies.
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Activation volume curves

The comparison of activation volumes for homogeneous and heterogeneous dislocation
nucleation from the corner of a nanopillar in Cu is presented in Figure 4-16. The
compressive stress values for carbon nanopillar are converted to resolved shear stresses
by using the Schmid factor. The comparison of activation volumes is presented as a
function of the normalized resolved shear stress, with stress values normalized by the

athermal (critical) stress values for the respective cases.
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Figure 4-16 Activation volumes for heterogeneous and homogeneous dislocation
nucleation in Cu.

Activation volumes for stresses of 70% of the respective athermal (critical)
stresses for the heterogeneous case and the homogeneous case are 7b® and 18b°
respectively. This translates into a 61% reduction of the activation volume for the
heterogeneous system as compared to the homogeneous case. The reduction of
activation volume is on account of the markedly smaller dislocation core for the

heterogeneous case.
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4.5.2 Comparison with heterogeneous system 2: Dislocation nucleation from a sharp
corner in Si

Results for homogeneous dislocation in Si are compared with heterogeneous dislocation
nucleation from a sharp corner in Si [20,21]. This comparison is relevant because the
same potential (SW potential) [24] has been used in both studies. The sharp-corner
model [20] is shown in Figure 4-17. Periodic boundary conditions have been imposed in
all directions.
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Figure 4-17 Dislocation nucleation from a sharp corner in Si (Fig. 1 in Ref. [20]).

Activation energy

The comparison of activation energy curves for homogeneous and heterogeneous
nucleation in Si is presented in Figure 4-18. Activation energies for stresses of 70% of
the respective athermal (critical) stresses for the heterogeneous case and the
homogeneous case are 5.6 eV and 10.1 eV respectively. This translates into a 41.2%
reduction of the activation energy for the heterogeneous system as compared to the
homogeneous case. The athermal stresses for the heterogeneous system and the
homogeneous system are 5.85 and 8.25 GPa respectively.

Saddle point configurations
The comparison of saddle point atomistic configurations for homogeneous and

heterogeneous nucleation in Si under stresses of 70% of their respective athermal

stresses is presented in Figure 4-19. Atomistic configurations are shown in the form of
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the slip vector representation [6]. The size of the dislocation core for the heterogeneous

system is smaller than that for the homogenous case.

18

[EY
»
A

Activation energy [eV]
H
o

O N B~ OO

\ B Si sharp corner [—

H
o

¢ Si homogeneous [~

=
N

3 4 5 6 7 8 9

Resolved shear stress [GPa]

(a)
18
16 H Si sharp corner \
> 14 |- ——Sihomo \
D geneous
\
2 10 \
(B}
§ 8 \
T 6
2 4 AN
<, AN
0 : : : : \

0 0.2 0.4 0.6 0.8 1

Normalized resolved shear stress

(b)
Figure 4-18 Activation energy for homogeneous dislocation nucleation and dislocation

nucleation from a sharp corner in Si: (a) Resolved shear stress dependence, and (b)
Normalized resolved shear stress dependence.
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(b)
Figure 4-19 Saddle point configurations for (a) dislocation nucleation from a sharp
corner, and (b) homogeneous dislocation nucleation in Si.

The size of the dislocation core for heterogeneous dislocation nucleation is
smaller because of geometric as well as structural reasons. The loop radius itself is
smaller because of the physics of the phenomenon. Also, as opposed to the full elliptical
loop for homogeneous dislocation nucleation, there is half of a loop in case of
nucleation from the sharp corner, because of geometrical reasons.

Another important consideration is the fact that the stress figures quoted for the
heterogeneous case are the nominal stress values, whereas the actual stress values near
the heterogeneity (corner in this instance) are markedly higher because of the inevitable
stress concentration. The high true stresses would result in smaller radii of the
dislocation core and hence lower activation energies. While the size of the dislocation
core is greater for the homogeneous case, the maximum slip vector is greater for
heterogeneous dislocation. This would be because of the greater true stress near the

sharp corner.

Activation volume curves

The comparison of activation volumes for homogeneous and heterogeneous dislocation
nucleation from a sharp corner in Si is presented in Figure 4-20. The comparison of
activation volumes is presented as a function of the normalized resolved shear stress,

with stress values normalized by the critical stress values for the respective cases.
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Figure 4-20 Activation volumes for heterogeneous and homogeneous dislocation
nucleation in Si.

Activation volumes for stresses of 70% of the respective athermal (critical)
stresses for the heterogeneous case and the homogeneous case are 14.9b* and 20.5b°
respectively. This translates into a 27.3% reduction of the activation volume for the
heterogeneous system as compared to the homogeneous case. The reduction of
activation volume is on account of the markedly smaller dislocation core for the

heterogeneous case.

4.5.3 Homogeneous versus heterogeneous dislocation nucleation: Discussion

The total energy of a dislocation is given by
Etotal = Eseif + Estress + Eledge (63)

Esqir IS the strain energy that is caused by the distortion of the crystal lattice.
Estress 1S the energy caused by the application of the external stress. Ejeqge COrresponds to
the energy required for creating a new surface. This amount of energy is required to
nucleate a dislocation loop. Ejeqqe do€s not exist in the case of homogeneous dislocation

nucleation, and can cause complex effects in the heterogeneous case.
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Eledge Can be negative or positive depending on whether the surface area
increases or decreases. In general, in case of an already present step, surface area is
reduced in the process of nucleation of a dislocation loop; whereas if no such step is
there to begin with, surface area increases in the process of dislocation loop nucleation
[25]. In the first case taken in this comparison between homogeneous and
heterogeneous dislocation nucleation (dislocation nucleation from the corner of a Cu
nanopillar) the surface area increases, whereas in the second case (nucleation from a
sharp corner in Si), the surface area is reduced. Therefore the correlation between the
activation energy and activation volume is not straightforward in the case of
heterogeneous dislocation nucleation. That is because in the former case, part of energy
is used for creating a new surface, whereas in the latter case, the reduction of surface
area frees up energy that can be utilized for the creation of the dislocation loop,
decreasing the requirement of activation energy input from the outside. The
creation/reduction of surface areas therefore makes the heterogeneous cases complex,
and comparison with many heterogeneous systems is needed in order to quantify the
contribution of Ejeqge.

Another important consideration is the fact that the stress figures quoted for the
heterogeneous case are the nominal stress values, whereas the actual stress values near
the heterogeneity (corner in this instance) are markedly higher because of the inevitable
stress concentration. The high true stresses would result in smaller radii of the
dislocation core and hence lower activation energies.

The size of the dislocation core for heterogeneous dislocation nucleation is
smaller from geometric as well as structural reasons. The loop radius itself is smaller
because of the physics of the phenomenon. In addition to this, as opposed to the full
elliptical loop for homogeneous dislocation nucleation, there is half or a quarter of a
loop in case of heterogeneous nucleation depending on the geometry. This difference
has been reported to be decisive in terms of strength difference between homogeneous
and heterogeneous cases based on experimental studies [26].

Table 4-3 summarizes the activation volumes for the different systems under
consideration at 70% and 80% of the respective critical stress conditions. The lower
activation volumes for heterogeneous system have been confirmed in this comparison,

and they prove to be decisive in that they result in heterogeneous dislocation nucleation
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typically being more favorable than the homogeneous ones. However, the activation
volumes are of the same order of magnitude, as is clear from Table 4-3.

The stress requirements for heterogeneous dislocation nucleation, which are
already low as a result of their lower activation volumes, are rendered even lower
because of the presence of the singularity of the heterogeneity. At and near that
singularity, even low nominal stresses are magnified into very high true stresses and
therefore heterogeneous nucleation becomes much more energetically favorable as
compared with homogeneous dislocation nucleation. In the same way, the specific kind
of heterogeneity would also cause a difference in activation energy requirements. For
example, for a Cu nanowire [27] under identical stress conditions, energy requirements
for nucleation from a side surface and from a corner have been reported to be 0.64 eV
and 0.1 eV (six times lower) respectively. The type of heterogeneity therefore has a

strong influence on the activation energy requirements.

Table 4-3 Comparison of activation volumes

Activation Activation
volume [b%] | volume [b%] Dislocation
System Reference
70% of 80% of loop shape
critical stress | critical stress
Si homogeneous 20.5 12 Thiswork | Hexagonal
i Shima Half-
Si sharp corner 14.9 9.5
etal. [20,21] | hexagonal
Cu homogeneous 18 12 This work Elliptical
. Hara Quarter-
Cu nanopillar 7 5 .
etal. [19] elliptical

The two cases considered here—dislocation nucleation from the corner of a Cu
nanopillar under compression, and from a sharp corner in Si—are only two cases out of
a very large variety of cases of heterogeneous dislocation nucleation. Similar
comparisons of the homogeneous case with dislocation nucleation from other
configurations (crack, surface step, corner, etc) promises to be insightful in terms of the
quantitative correlation between heterogeneity and the lowering of the activation energy
and activation volume. Also, the complex surface effects need to be studied with an aim

to quantify their effect.
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4.6 ldeal strength

Since the elastic limit of a perfect crystal is referred to as the theoretical or the ideal
strength [26], the ideal strength of Si, Cu and Mo are the athermal (critical) stresses for
homogeneous dislocation nucleation calculated in this research. The ideal strength can
be considered as the stress for which a material without a preexisting defect ceases to
remain elastic. Strictly speaking, the elastic limit, taken as the instance of first
emergence of a dislocation defect, may not necessarily have a direct correspondence
with the ideal strength, because other mechanisms (such as twinning) may govern the
ideal strength, alone or in combination with dislocation nucleation.

However, the critical stress for dislocation nucleation can be considered as a
measure of ideal strength if dislocation nucleation can be taken as the unalloyed
governing mechanism for material failure (plasticity). Under that assumption, the ideal
strength (critical stress for the homogeneous system) is discussed as follows:

For Cu and Mo, activation energies for homogeneous dislocation nucleation are
determinate for points very close to the critical stress, and therefore the critical stress
can be referred to as the athermal stress without a major error. For Si, on the other hand,
energies lower than 1.5 eV are not determinate, indicating the absence of any athermal
stress for homogeneous dislocation nucleation in Si. That is, other competing
mechanisms such as twinning might be dominant in that region.

However, like Cu and Mo, the critical stress was taken for discussion of the
ideal strength for Si too. The critical stress is defined as the maximum possible shear on
the relevant slip plane in the direction of the perfect or partial Burgers vector depending
on the material in question. The relevance of these critical stresses to homogeneous
dislocation nucleation calculations is that they fit in smoothly with the activation energy
curves.

Table 4-4 compares the ideal strengths from this study with those published in
literature. The atomistic results for Cu and Si are based on the same potentials (Mishin

[22] and SW [24] respectively) as have been used in this research.
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Table 4-4 Ideal strengths of Si, Cu and Mo

) DFT [2] | Atomistic | This study
Material
[GPa] [GPa] [GPa]
Si 9.62 9.6 [28] 8.25
Cu 2.16 2.91 [29] 4.85
Mo 14.82 - 17.9

The ideal strength values reported in literature for Si and Cu are different by
16.3% and 40% than those calculated in this research. The stress values reported can be
greatly dependent on the manner in which stresses on planes other than the slip plane
are handled. In this research, stresses perpendicular to the slip plane have been ignored
and their effect has not been determined. In this respect, the comparison between the
ideal stress values presented above is not completely fair.

The decrease of strength from the ideal or theoretical strength to the real
strength of systems with heterogeneities is examined next. The strengths of Cu and Si
fall to 2.12 GPa and 5.85 GPa respectively (see sections 4.5.1 and 4.5.2) because of the
presence of heterogeneities. This translates to a reduction of strength (from the ideal
strength) of 56.2% for Cu and 29% for Si respectively. The specific type of
heterogeneity would be expected to play a significant role in the amount of reduction of
strength. A comparison with other heterogeneous systems should be able to deepen

understanding on this issue.

4.7 Conclusions

Reaction pathway analyses for homogeneous dislocation nucleation in FCC Cu, BCC
Mo and covalently bonded DC Si were carried out and the three materials were
compared in terms of their energy curves and the mechanics of their saddle-point
configurations. The choice of perfect crystals enabled the comparison of dislocation
nucleation in the three materials at the most fundamental level, free of any complexities
arising from heterogeneities.

Homogeneous dislocation nucleation is possible with the aid of thermal
activations in both Cu and Si, although, admittedly, the likelihood of that happening is

much more realistic and feasible in Cu than in Si. Homogeneous dislocation nucleation
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in Mo, on the other hand, can be ruled out because of unrealistically high activation
energy requirements for realistic levels of stress. The high stress requirements for Mo
(in excess of 13 GPa for activation energy values less than 5 eV) would be on account
of the stiffer BCC bonds of Mo. This stiffness is also apparent in the lower saddle-point
atomistic displacements in Mo than the other two materials. The values of athermal
(critical) stresses are in reasonable agreement with ideal strengths of the three materials.

Another effect of crystal structure makes itself apparent is the extra slip-plane
displacements of saddle-point configurations of the three materials. The mechanics of
dislocations cores show that unlike Cu, in which dislocation nucleation is essentially a
two-plane phenomenon; Mo and Si show considerable atomic displacements in many
planes above and below the slip plane. The structural definition of activation volume
therefore underestimates the activation volume for Mo and Si. Furthermore, although
perfect dislocations in Mo (unlike Cu) are not known to dissociate into partial
dislocations, the direction of atomic displacements is at an angle with respect to the
perfect Burgers vector. The reason for this is unknown but it is reasonable to interpret
that it results in lowering of the activation energy.

Although they provide a rough estimation of resistance to dislocation
nucleation in a material, parameters such as yus and yus b?don’t provide quantitative
information provided by fully atomistic techniques. Also, for all materials the presence
of a diffused core region makes the nucleation inaccessible to classical dislocation
theory. Atomistic analysis is therefore indispensable in order to accurately explain the

phenomenon of dislocation nucleation.
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5. COMPARISON WITH PN
BASED RESULTS

5.1 Introduction

In this chapter the results and insight gained as a result of atomistic simulation of
homogeneous dislocation nucleation in this research is compared with Peierls-Nabarro
(PN) model based results for homogeneous dislocation nucleation. PN models [1-5]
have been very informative because they removed Volterra [6,7] model’s singularity at
the core of the dislocation. Another major advantage of PN based models is that they
don’t suffer from the limitation of time-scale, therefore macro scale properties of
materials can be hoped to be extracted out of them. However, not being fully atomistic
in nature, they can’t consider the discrete nature of atoms at the core of the dislocation,
and dislocation nucleation—Dbeing an atomistic phenomenon—cannot be accurately
seen in that framework.

This chapter aims to quantitatively determine the extent to which the above
limitations affect the predictions made by PN based models. By comparison with
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atomistic results achieved in this research, limitations of PN models in terms of their
predictive capability are highlighted.

5.2 Information provided by PN based models

Because the PN methodology does not fully incorporate the discrete nature of atoms, it

cannot handle the following information:

1. Actual direction of slip
2. Extra slip-plane displacements

3. True dislocation core shapes

5.2.1 Actual direction of slip

Fully atomistic simulations yield the direction of the in-plane displacement of individual
atoms. While these directions are generally thought to be in the direction of the partial
or perfect Burgers vector applicable to the material in question, this is not always the
case. It was seen in Chapter 4 that in the case of Mo, the in-plane direction of atoms
close to the centre of the dislocation core were displaced at an angle to the direction of
the Burgers vector.

Figure 5-1, which is reproduced from Chapter 4, shows the inclined direction
of atomic displacements for Mo with respect to the Burgers vector direction, while
displacements for Cu and Si are along the direction of their respective Burgers vectors.
This information is not available from PN based simulations, and because this inclined
movement appears to lower the activation energy requirements, this might seriously
affect the activation energy predictions made by PN models. Fully atomistic methods

are therefore necessary to make this information available.

Figure 5-1 Directions of the in-plane atomic displacements for homogeneous
dislocation nucleation in Si (left), Cu (middle), and Mo (right). The directions of the
respective Burgers vectors are also indicated (red arrows). (Reproduced from Ch. 4.)
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5.2.2 Extra slip-plane displacements

PN based methodologies are also unable to take into consideration the presence or
absence of extra slip-plane displacements that, as seen in Chapter 4, can be significant
depending upon the material and stress range in question. Figure 5-2, which is
reproduced from Chapter 4, shows the extra slip-plane displacements for saddle-points
in Si, Cu and Mo. Dislocation nucleation in Cu is essentially a two-plane phenomenon,
while that in Si and Mo is accompanied by significant extra slip-plane displacements. It
would appear that the directionality of bonds in Mo and Si result in a cup-like
displacement of atoms more energetically favourable than a disc like slip, similar to that

displayed by Cu.

Slip plane

Figure 5-2 Extra slip-plane displacements of atoms in Si (left), Cu (middle), and Mo
(right). Only atoms with displacements > 0.15A are shown. (Reproduced from Chapter
4.

The inability of PN models to differentiate between the disc-like (Cu) and
cup-like (Si, Mo) displacement contours can also have severe effects on the accuracy of
activation energy predictions made based on it. Depending on the material, the
directionality of bonds might result in the cup-like displacement to be less energy
intensive than the disc-like displacement contour. This information can only be made
available through atomistic calculations, and the inability of the PN model to provide
this information would count as limitation of the PN models.

However, the above information acquired from atomistic results, if utilized for
calibration of PN models can lead to improved accuracy of the latter. This area has

promise for further research.
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5.2.3 True dislocation core shapes

Figure 5-3 shows a typical dislocation loop as reported by a PN model [5]. It does not
differentiate between individual materials; the shape is in the form of an ellipse
irrespective of the material in question. Atomistic studies, on the other hand, can deal
with the discrete nature of atoms at the core and therefore differentiate between the
different crystal structures and bonding types, and therefore are able to provide

information not accessible to the PN methodology.

0 010203040506 0:7 0809 1

Figure 5-3 Dislocation loop from PN results (Fig. 3 from Ref. [5]).

In reality, due to the influence of the specific crystal structure, the shapes of the
dislocation cores are peculiar to the material, as shown by atomistic calculations carried

out in this research (Figure 5-4).

o

NN

Figure 5-4 Shapes of the dislocation cores: Si (left), Cu (middle), and Mo (right). The
directions of the respective Burgers vectors are also indicated.
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However, this limitation is a result of an approximation that forms the basis of
PN methodologies, and this in itself doesn’t count against the significance or usefulness

of the PN methodology.

5.3 Information provided by PN based models

The information described in the last section notwithstanding, the following important
information is made available by the PN models:
1. Activation energy

2. Inelastic displacements

The above are considered one by one in the following sections:

5.3.1 Activation energy

Figure 5-5 shows the stress dependence of activation energy reported by the PN model
for homogeneous dislocation nucleation. Fig 5-6 presents the corresponding atomistic

results for Cu and Si.
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Figure 5-5 Stress dependence of activation energy reported by PN model (Fig. 4 from
Ref. [5]).
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Figure 5-6 Atomistic results for stress dependence of activation energy for
homogeneous dislocation nucleation in Si, Cu and Mo.

The first quantitative comparison between the atomistic and PN results is
between the activation energies for 60% of the critical stress reported by the atomistic
and the PN based approach [5]. PN results for homogeneous dislocation nucleation in
Mo are not available, therefore only results for Si and Cu are compared. As shown in
Table 5-1, it is obvious that the PN method is overestimating the energy requirements

for dislocation nucleation for both Cu as well as Si.

Table 5-1 Activation energy comparison for 60% of critical stress

Material P-N Atomistic Overestimation
[eV] [eV] factor
Cu 10 2 5

Si 36 18 2
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5.3.2 Inelastic displacements

Figure 5-7 shows the stress dependence of activation energy reported by the PN model

for homogeneous dislocation nucleation. Figure 5-8 presents the corresponding
atomistic results for Cu and Si.
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Figure 5-7 Stress dependence of inelastic displacement reported by PN based study (Fig.
2 (a) from Ref. [5]).
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Figure 5-8 Atomistic results for stress dependence of the maximum inelastic
displacement for homogeneous dislocation nucleation in Cu and Si.
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The next quantitative comparison is between the maximum inelastic
displacements for 60% of the critical stress for atomistic results achieved in this
research and the PN results reported [5] for homogeneous dislocation nucleation. PN
results for homogeneous dislocation nucleation in Mo are not available so only results
pertaining to Si and Cu are compared. From Table 5-2 it is obvious that the PN method
overestimates the energy requirements for dislocation nucleation for both Cu as well as
Si.

Table 5-2 Comparison of maximum inelastic displacement for 60% of critical stress

Material P-N | Atomistic | Overestimation
[0] [b] %
Cu 1 0.65 35
Si 1 0.85 15

PN studies of homogeneous systems [4,5] conclude that homogeneous
dislocation nucleation is not feasible because of the unrealistically high activation
energy requirement. They overestimate the activation energy requirements although the
recent estimates for energy requirement are much smaller than the original estimate by
Rice [1]. However they are still too high as compared to atomistic predictions presented
in this research, which show that for both Cu and Si homogeneous dislocation
nucleation is feasible, although more so for Cu than Si. Xu et al. [5], for example,
overestimate the activation energy for homogeneous nucleation in Cu by a factor of 5
and in Si by a factor of 2 as compared with atomistic results. However, homogeneous
nucleation is more likely to occur in Cu than in Si because of the markedly higher
energy requirements for Si, which is a consequence of its higher Peierls barrier as
compared to Cu. PN models therefore, are in a sense similar to rough estimates such as
the unstable stacking fault energy (yus), which is considered to be closely related to
dislocation nucleation [8]. Stacking fault energy is greater for Si by a factor of 5 (0.83
J/Im? for Si [9] as compared to 0.16 J/m? for Cu [10], obtained by using the SW [11] and
the Mishin [12] potentials respectively), and therefore predicts a marked higher
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resistance to dislocation nucleation for Si than that for Cu. But it does not provide
quantitative results in terms of concrete energy requirements. Similarly the PN model,
although it does provide quantitative results, overestimates the activation energy
requirements, therefore, at the present time its results can only be used as qualitative
indicators, similar to the unstable stacking fault energy and its other variants such as the
product of the stacking fault energy and the square of the Burgers vector.

The discrepancy of atomistic results and those predicted by PN based models
prove that at present there is no realistic substitute for atomistic calculations as a

predicting methodology applicable to the problem of dislocation nucleation.

5.4 Conclusions

PN based models cannot capture the extra slip-plane atomistic displacements, and the
direction of in-plane displacements at the saddle-point. They also overestimate the
magnitude of atomic displacements and the activation energies as compared to atomistic
predictions.

Contrary to the traditional understanding obtained from studies in the PN
framework, homogeneous dislocation nucleation is possible with the aid of thermal
activations in both Cu and Si, although, admittedly, the likelihood of that happening is
much more realistic and feasible in Cu than in Si.

Therefore, despite the inherent advantages of PN based methods, and the fact
that later improvements have resulted in improvement in their results; PN models in
their present form still overestimate energy requirements for dislocation nucleation, and
hence fully atomistic methods are indispensable for accurate description of this

phenomenon.
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6. THE SHUFFLE-GLIDE
CONTROVERSY IN Si

6.1 Introduction

In this chapter, the shuffle-glide controversy in Si is examined at a fundamental level,
i.e., for homogeneous dislocation nucleation, where complex surface and stress
concentration effects are not allowed to distort the physical picture. Analysis of results
of reaction pathway sampling (presented in chapter 3) is carried out in the following
sections, leading to conclusions aimed at increasing understanding regarding the
recently rekindled shuffle-glide controversy in Si. Finally, the shuffle-glide transition
for homogeneous dislocation nucleation is also compared with corresponding results for

the heterogeneous case.

6.2 Minimum energy paths: Nucleation and mobility

Figures 6-1 and 6-2 show typical energy curves for the minimum energy paths taken by
the atomistic configurations for nucleation of the shuffle-set dislocation (SD) and the
glide-set dislocation (GD) respectively in Si. While the curve for SD is smooth, there
are undulations in the curve for GD. This is because of the very high mobility of the GD
as compared with the SD [1,2].
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Figure 6-1 Typical configuration energy curve of a series of images along the minimum
energy path for homogeneous dislocation loop nucleation of the shuffle-set (part of
Figure 3-2 reproduced).

6
% j f\l—'\/\-\
2 /
5 2 ‘\!V
§ 1|
S 0ud \\
< 1 .
2 . . . . .
0 0.2 0.4 0.6 0.8 1

Reaction coordinate

Figure 6-2 Typical configuration energy curve of a series of images along the minimum
energy path for homogeneous dislocation loop nucleation of the glide-set (part of Figure
3-6 reproduced).

Another difference between the two curves is the respective fractions of the
reaction coordinate length accounted for by nucleation and mobility. For the SD,
nucleation accounts for the bulk of the reaction coordinate length, but once the critical

point (corresponding to the saddle-point) is crossed, the loop increases in size quickly
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with a corresponding decrease in activation energy of the system. In the GD on the other
hand, nucleation accounts for only a minor part of the reaction coordinate length.
However, even after the critical point is crossed in GD nucleation, the energy does not
come down quickly; the curve goes on undulating for some while before finally coming
down. Thus the mobility part accounts for the major part of the reaction coordinate
length. It is therefore obvious that while nucleation is the critical phenomenon in the SD,

mobility is the more critical part as far as the GD is concerned.

6.3 Activation energy curves

Figure 6-3 compares the shear-stress dependence of the activation energy for nucleation
of SD and GD.
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Figure 6-3 Shear-stress dependence of the activation energy for glide-set and shuffle-set
homogeneous dislocation nucleation in perfect crystal Si.

Although the two curves do cross over, the location of the cross over point
suggests that unless the applied stress is extremely high (greater than 6.5GPa), GD
would be favored to nucleate. However, the high energy requirement in the lower stress
regime would also necessitate input of large thermal energy (high temperature) for the
GD nucleation to happen. This result agrees with the results of recent atomistic studies
[3,4] for heterogeneous systems, which in turn agree with past experimental results [5,6].

However, these results for dislocation nucleation, which indicate a higher



6. THE SHUFFLE-GLIDE CONTROVERSY IN Si

activation energy requirement for SD than for GD in all but the very high stress region,
differ from the results for dislocation mobility reported by Pizzagalli et al. [7] which
suggest lower activation energy for SD as compared to GD for all values of stress. On
the other hand, the results of this study are similar to those reported for dislocation
mobility by Duesbery et al. [8] which were declared as inconclusive by Pizzagalli et al.
on grounds that they did not take into consideration the atomistic effects occurring
during the migration of a kink.

The kink migration energy for SD is at least one order of magnitude lower [9]
than that for GD. On the other hand the kink formation energy is known to be lower for
GD (0.4 to 0.7eV) [10] than for SD (0.90 to 1.36eV for SD) [9]. The atomistic results of
this study confirm that nucleation is a completely distinct phenomenon from mobility;
and while mobility is lower for GD for all stress values, favorability of nucleation
depends on the stress value in question because of the presence of the cross-over point.
The cross-over point of 6.5 GPa corresponds with an activation energy of 5 eV.

6.4 Mechanics of the saddle-point configurations

Figure 6-4 compares the saddle-point configurations for GD and SD nucleation
corresponding to a series of resolved shear stress values. The comparison is presented in
the form of slip-vector representation [11]. As is evident from Figure 6-4, in both sets
the dislocation elongates along different Peierls valleys and at all times shows a
hexagonal shape. It is well known that dislocation loops in Si display a hexagonal shape
whose edges are parallel to <110> Peierls valleys on the {111} slip plane. This is a
result of the high Peierls barrier for Si, and also fits in with observation in recent low
temperature experiments [12] and simulation work [13]. Also from Figure 6-4, it can be
seen that the area of the SD core is bigger than that of the GD core for the complete
range of stress values.

Figure 6-5 shows the shear-stress dependence of the maximum inelastic shear
displacement of the dislocation embryo as defined by the length of the slip vector
normalized by the partial and perfect Burgers vectors, respectively, for GD and SD.
From Figures 6-4 and 6-5 it is clear that the rate of decrease of the normalized
maximum slip vector with respect to stress for SD is significantly greater than that for
GD.
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Figure 6-4 Slip vector representation of saddle-point configurations for shuffle-set
(above), and glide-set (below) homogeneous dislocation nucleation (bs=3.84A, and

bg=2.22A respectively) in Si. The directions of the respective Burgers vectors are
shown.
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Figure 6-5 Shear-stress dependence of the maximum slip vector for glide-set and

shuffle-set homogeneous dislocation nucleation (normalized by their respective Burgers
vectors) in Si.
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From Figure 6-4 it is also evident that the distribution of slip in the dislocation
core is very different for the two sets. For low stress values the dislocation core for SD
exhibits a highly non-uniform distribution of slip, but this situation changes drastically
with increasing stress, as the distribution of slip becomes more and more uniform.
Glide-set cores, on the other hand, show a uniform slip distribution for low as well as
high stress values. Both the slip distribution at the dislocation cores and the maximum

slip vector in SD are more sensitively dependent on the shear-stress as compared to GD.

6.5 Activation volumes

An analysis of activation volume of GD and SD nucleation, similar to that performed in
Chapter 4 for different materials, was carried out. Thermodynamics-based conceptual
measure of the activation volume of a thermally activated transition is given by [14, 15]
(EQ. 4.1 reproduced)

_ Q@) (6.1)
or

Q=

where Q(z) is the stress-dependent activation energy, and z is the shear stress. The
steeper energy curve in Figure 1 for SD indicates that SD nucleation is accompanied by
a higher activation volume than GD nucleation. The greater activation volumes for SD
confirm that the activation process for SD is more collective, and that there is less
thermal uncertainty involved than for the corresponding process for GD. In other words,
in the region where thermal activation is important (the low stress region), GD
nucleation is likely to occur. The higher shear-stress dependence of both the distribution
of slip at the dislocation core and the maximum slip vector (see section 6.4) in SD
explains the higher activation volume for SD as compared to GD.

From the structural point of view, the activation volume is given by [16] (Eq.
4.2 reproduced)

a'= Hu (x, y)dxdy (6.2)

where u(x,y) is the in-plane inelastic displacement across the slip plane. Figure 6-6
presents results based on the two definitions of activation volume for SD and GD

nucleation.
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Figure 6-6 Comparison of the two definitions of activation volume for homogeneous
dislocation nucleation of the shuffle-set and the glide-set. The structural definition gives
significantly low values as compared to the thermodynamic definition for the shuffle-set,
whereas the discrepancy is not that significant in case of the glide-set.

It is clear from Figure 6-6 that the discrepancy between the two
definitions—thermodynamic and structural—is greater for the SD than it is for the GD.
Figure 6-7 shows representative atomic displacements exceeding 0.15A for the two sets.
Examination of the saddles show that the extra slip-plane displacement for SD is more
pronounced than is the case with GD. This would explain why the two definitions of
activation volume are in more disagreement in the case of SD than in the case of GD.

The difference between the two definitions would be accounted for by the
displacement of atoms above and below the slip plane. The structural definition of
activation volume (Eqgn. 6.2), therefore, has limitations when applied to covalent bonded
Si, although it gives satisfactory results for dislocations in FCC Cu because of planar
cores that are confined to the slip plane [14], and this limitation is more pronounced in
the case of SD than it is in GD.
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Figure 6-7 Extra slip-plane displacements of atoms: only atoms with displacements
greater than 0.15A are displayed: Glide-set (left) and shuffle-set (right).

6.6 In-plane direction of atomic slip

Figure 6-8 shows directions of the in-plane atomic displacements for homogeneous
dislocation nucleation of the GD and SD. The directions of the respective Burgers

vectors are also indicated.

Figure 6-8 Directions of the in-plane atomic displacements for homogeneous
dislocation nucleation of the shuffle-set (left) and glide-set (right). The directions of the
respective Burgers vectors are also indicated (black arrows).

Only GD is known to dissociate into partial dislocations, therefore its partial
Burgers vector is 57% of the perfect Burgers vector for SD. In the nucleation of both the
SD and GD however, the in-plane atomic displacements are in the directions of their

perfect and partial Burgers vectors respectively.
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6.7 Comparison with heterogeneous system: Shuffle-glide controversy for
dislocation nucleation from a sharp corner

In continuation of comparison between the homogeneous and heterogeneous systems
(section 4.5.1 to 4.5.3), the results for homogeneous dislocation nucleation are
compared with results for dislocation nucleation from a sharp corner [17].

This comparison is relevant because the same potential (SW potential) has been
used in both studies. The sharp-corner model [17] is shown in Figure 6-9.
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Figure 6-9 Dislocation nucleation from a sharp corner in Si (Fig. 1 in Ref. [17]).
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Figure 6-10 Shuffle-glide transition for dislocation nucleation from a sharp corner in Si
(Fig. 2 in ref. [17]).
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The shuffle-glide cross-over point occurs at 4.7 GPa and corresponds to an
activation energy of 2.6 eV. The corresponding cross-over point for homogeneous
dislocation nucleation occurs at 6.5 GPa with a corresponding activation energy of 5 eV
(section 6.3). The transition stress is lowered by 27% and the transition activation
energy is lowered by 48% as a result of the sharp corner.

The reduction of loop radius because of the presence of heterogeneity (section
4.5) means less activation energy requirements for nucleation from a sharp corner. In
addition to this, as opposed to the full hexagonal loop for homogeneous dislocation
nucleation, there is a half hexagonal loop in case of nucleation from the sharp corner.
Also, for an already present corner, the area surface area is known to decrease, causing a
surplus of energy available (section 4.5.3). The surface energy component therefore
complicates the situation.

Finally, the stress value at which the shuffle-glide transition occurs (4.7 GPa)
for the heterogeneous case is the nominal stress; the actual stresses near the corner are
markedly higher because of stress concentration effects. Sharp corner is just one form of
heterogeneity; comparison of the homogeneous case with dislocation nucleation from
other configurations (crack, surface step, corner, etc) promises to be insightful in terms
of understanding of the correlation between a heterogeneity and the lowering of the

shuffle-glide transition.

6.8 Conclusions

Atomistic reaction pathway sampling for dislocation of the glide-set and the shuffle-set
in a homogeneous Si crystal was carried out with the aim of explaining the favorability
conditions of the two sets in terms of the activation energy, activation volume and the
mechanics of the dislocation core. The choice of a homogeneous crystal makes it
possible to examine this problem at a fundamental level.

The presence of a diffused core region (in both sets) makes the nucleation
inaccessible to classical dislocation theory. Nucleation accounts for bulk of the reaction
pathway in the shuffle-set. The low mobility of the glide-set, on the other hand, results

in undulations in the energy curve even after the saddle-point configuration is reached.
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Two nucleation regimes are confirmed. In the low stress regime dislocation of
the glide-set is likely to nucleate. However, the high energy requirement would
necessitate introduction of large thermal activation. As stress increases, the two curves
come closer and finally intersect at 6.5 GPa with a corresponding activation energy of 5
eV. In the high stress regime (stresses greater than 6.5 GPa) dislocation of the
shuffle-set is likely to nucleate. The shuffle-glide transition for homogeneous
dislocation nucleation is compared with the corresponding transition in dislocation
nucleation from a sharp corner. The transition stress and activation energy are lowered
for the heterogeneous case by 27% and 48% respectively from the ideal homogeneous
case. Comparison with other heterogeneous systems promises to improve insight into
the relationship between a certain kind of heterogeneity and the lowering of the
shuffle-glide transition.

Activation energy for stresses near athermal stress cannot be determined for
either set. In fact it can be said that no athermal stress exists for either set. The
extrapolation of energy curves gives a lower (imaginary) athermal stress for shuffle set
than that for glide set. Other competing mechanisms (such as twinning) are considered
to be the reason for absence of any distinct athermal stress.

Shuffle-set nucleation is accompanied by a higher activation volume than glide
set. The activation process for dislocation nucleation of the shuffle-set is more
‘collective’ (accompanying less thermal uncertainty) than nucleation of the glide-set.
The differences in the mechanics of the saddle-point dislocation core structures explain
the lower activation volume for the glide-set nucleation, which makes it more sensitive
to thermal activation. The number of atoms exhibiting extra slip-plane displacements is
also higher for the shuffle-set. The structural definition of activation volume therefore
underestimates the activation volume since it does not take the extra slip-plane
displacements into consideration. This discrepancy between the thermodynamic and
structural definitions of activation energy is more pronounced for shuffle-set because of
the greater extent of exta slip-plane displacements in the shuffle-set nucleation as

compared to the glide-set nucleation.
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7. CONCLUSIONS AND FUTURE
DIRECTIONS

This thesis presents analyses of homogeneous dislocation nucleation in three common
materials—namely Si, Cu and Mo—based on atomistic reaction pathway sampling. The
three materials were chosen as representative of the diamond-cubic, face-centered cubic
and body-centered cubic crystal structures respectively. Focus on homogeneous system
makes it possible to study the phenomenon of dislocation nucleation at a fundamental
level, free from complex effects of stress fields, surfaces and interfaces, etc. Utilizing
the NEB algorithm and extended schemes enables the analysis of the phenomenon of
homogeneous dislocation nucleation under strain rates not accessible to dynamic
atomistic schemes such as MD. Analyses of the same thermally-activated
stress-mediated transition in three materials with different crystal structures enables
consideration of the influence of lattice structure and bonding on this transition,
resulting in improved insight about the academically fundamental phenomenon of
homogeneous dislocation nucleation. The shuffle-glide controversy in Si, from the point
of view of dislocation nucleation, was also examined for the fundamental homogeneous
case.

The atomistic insight about homogeneous dislocation nucleation gained via this

research has also been compared with the PN model, with the aim of highlighting the
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pros and cons of the PN approximation. Next, the atomistic information gained about
the homogeneous systems is compared with corresponding information about
heterogeneous dislocation nucleation with an aim to provide a link between
homogeneous and heterogeneous dislocation nucleation. Finally, discussion of ideal
strength followed by the deterioration of strength as a result of heterogeneities is also
presented.

The conclusions of this research, as stated in individual chapters, are briefly
summarized once again in this chapter (section 7.1). Possible extensions of these results,

in terms of future work based on this work, are also presented (section 7.2).

7.1 Conclusions

The first three chapters set the stage for the analysis and discussion. Chapter 1 provides
the overall background and aims of this research. The simulation and analysis tools
employed in this research have been introduced in Chapter 2. Chapter 3 presents
primary results of all reaction pathway calculations without analysis. Chapters 4, 5 and
6 discuss and analyze those results, leading up to conclusions.

Chapter 4 compares DC Si, FCC Cu, and BCC Mo from the point of view of
influence of crystal structure on homogeneous dislocation nucleation. It is demonstrated
that dislocation nucleation in Mo and Si is much more stress intensive than in Cu. This
is because of the stiffer BCC and DC bonds of bonds of Mo and Si respectively.
Dislocation nucleation in Mo and Si is a more ‘collective’ process than in Cu, because
of markedly higher activation volumes. Therefore homogeneous dislocation nucleation
in Cu is significantly more sensitive to thermal activations than either Mo or Si.
Dislocation nucleation is possible in Cu and Si, although it is much more feasible in Cu
than Si; whereas it is not feasible in Mo on account of the extremely high stresses
involved.

Furthermore, it is shown that the presence of diffused cores in all three
materials makes nucleation inaccessible to classical dislocation theory. It is also
demonstrated that as opposed to rough qualitative figures provided by simplistic
parameters such as yus and yus b?, atomistic analysis provides quantitative values for
activation energies. There is therefore no replacement of atomistic analysis of

dislocation nucleation.
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One influence of crystal structure and bonding type has been shown to be the
presence of atoms exhibiting extra slip-plane displacements to differing extents
depending on the material and stress range in question. Minimum energy requirements
dictate that Cu displays an essentially two-plane dislocation core whereas Si shows
considerable displacement in many planes above and below the slip plane. Mo shows
two-plane cores like Cu under high stresses, but under low stresses it shows
considerable extra-slip plane displacements. In general, the more directional the
bonding, the more the extra slip-plane displacements appear to be energetically
favorable. This results in the structural definition underestimating the activation volume
depending upon the material and/or stress range.

Chapter 4 next presents the comparison of our results for homogeneous
dislocation nucleation with two cases of heterogeneous dislocation nucleation, namely,
nucleation from a corner of Cu nanopillar under compression, and from a sharp corner
in Si. The activation volumes for homogeneous and heterogeneous dislocation
nucleation under equal percentages of the respective critical stresses are of the same
order of magnitude, although with those for heterogeneous dislocation lower than those
for homogeneous ones. The smaller loop radii and the nucleation of half or quarter-loop
as opposed to a full loop (for homogeneous dislocation) account for the lower activation
volume and hence the lower activation energy.

Chapter 4 concludes with the discussion of ideal strength and the reduction of
strength as a result of the presence of heterogeneities for the two heterogeneous cases
studied. The reduction of strength would depend on the kind of heterogeneity; therefore
comparison with more heterogeneous cases needs to be made before reduction of
strength on account of a particular heterogeneity can be predicted.

Chapter 5 presents the comparison between our atomistic results with results
for homogeneous dislocation nucleation based on the PN atomistic-continuum hybrid
model. Despite a number of improvements from its original formulation, the PN based
model in its present form can’t replace the information available from fully atomistic
methods. It has an obvious advantage in terms of computational cost but it
overestimates the energy requirements for homogeneous dislocation nucleation because

of its inability to factor in discrete atomistic details.
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Chapter 6 compares dislocation nucleation of the shuffle-set with that of the
glide-set in Si. Two nucleation regimes are confirmed for homogeneous dislocation
nucleation in Si. The transition occurs at 6.5 GPa; dislocations of the glide-set being
likely to nucleate under stresses lower than that, and those of the shuffle-set for stresses
greater than that. Also, shuffle-set nucleation is more ‘collective’ (with less thermal
uncertainty) than glide-set nucleation. The extra slip-plane displacements are also more
pronounced for the shuffle-set than the glide-set, resulting in higher discrepancy
between the structural and thermodynamic definitions of activation volume. The
corresponding shuffle-glide transition stress for heterogeneous dislocation nucleation
from a sharp corner is 4.7 GPa. The extent of shift of the shuffle-glide transition would
also be dependent on the kind of heterogeneity; therefore comparison with more
heterogeneous cases needs to be made before it can be predicted.

Nucleation accounts for bulk of the reaction pathway in the shuffle-set. The
low mobility of the glide-set on the other hand, results in undulations in the energy
curve even after the saddle-point configuration is reached. Contrary to the glide-set,
once nucleation of the shuffle-set is realized, the dislocation loop grows in size

smoothly with a quick decrease in energy.

7.2 Future directions

7.2.1 Other materials

In this research homogeneous dislocation nucleation in FCC Cu, BCC Mo and DC Si
was studied and results compared among the different materials and with PN based
results from the point of view of influence of atomic crystal structure. In addition,
comparison was made with some heterogeneous situations in order to quantify the
influence of heterogeneities.

There are, inevitably, other classes of materials, such as hexagonal
close-packed (HCP) materials and ionic bonded materials, which have not been
explored in this research. Similar treatment for them, followed by similar comparison
with typical heterogeneous cases will be a welcome addition to this comparison across

crystal structures and bonding types in terms of dislocation nucleation.
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Another approach can be that of focusing on one category of crystal structures,
comparing a number of materials belonging to that category. Taking the example of the
FCC crystal structure, comparing Cu, Al, Ag, etc, will result in insight into the subtle
differences between solids with a common crystal structure, in terms of dislocation

nucleation.

7.2.2 Comparison with other heterogeneous systems

The two cases considered here, dislocation nucleation from the corner of a Cu
nanopillar and from a sharp corner in Si, are only two cases out of a large variety of
cases of heterogeneous dislocation nucleation that exist in engineering applications.
Similar comparisons of the homogeneous case with dislocation nucleation from other
heterogeneities (crack, surface step, corner, etc) promises to be insightful in terms of the
quantitative correlation between heterogeneity and the lowering of the activation energy

and activation volume, improving the understanding of dislocation nucleation.

On an academic level, it is hoped that the information gained via comparison of
the homogeneous case with the more complex heterogeneous situations for a variety of
materials combined with the conclusions obtained in this study would lead to an
improvement in insight about the dislocation nucleation phenomenon in general. On a
practical level, once a reliable method for predicting the favorability conditions for
dislocation nucleation is established, the nucleated dislocation can be handed over to
continuum mechanics based DD for further analysis of dislocation mobility. This
overall methodology then holds promise to be used in the design of semiconductor and
MEMS design, where the nucleation of even one dislocation line can potentially
jeopardize the correct functioning of the device. The ultimate goal would be to eliminate
the trial and error aspect [1] of design currently prevailing in dislocation dynamics

based studies.
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7.2.3 Adaptive hyperdynamics applied to homogeneous dislocation nucleation

Recently, an accelerated MD technique known as adaptive strain-boost hyperdynamics
[2] has very effectively increased the accessible time available to MD calculations by
factors as high as 11 orders of magnitude for the best cases. This new algorithm is an
improvement in terms of robustness and efficiency on an earlier scheme [3] for
accelerating atomic simulations, and has been shown to be useful for simulating
transitions such as dislocation nucleation.

NEB gives valuable insight into thermally activated transitions at the
experimental strain rates, but its inherent limitation is that it gives a prediction for 0 K.
In reality, activation energy depends on temperature, and therefore the effects of
dynamics and entropy have to be considered for a more accurate description of
transitions such as dislocation nucleation. According to the harmonic approximation [4]
of the transition-state theory (TST) [5], the temperature and stress dependent activation

energy can be broken down as

Q(a.7) = Qo(0) — TS(0) (7.1)

where Qo(o) is the stress-dependant activation enthalpy that corresponds to the
activation energy at T = 0 K and S(o) is the stress-dependence activation entropy [4].

Using the Eshelby transformation mechanics model [6], activation energy from
experiments can be smartly utilized to explore thermally activated stress-driven
processes such as dislocation nucleation. That is, the size of these strain-boosting
Eshelby inclusions may be matched to the experimentally inferred spectrum of
activation volume [7].

In the present research, activation energies and activation volumes for a range
of stress values for homogeneous dislocation nucleation in three materials has been
determined; this information can be efficiently employed in the application of the
adaptive strain-boost algorithm for the simulation of homogeneous dislocation
nucleation at two different levels. Activation energies can be utilized to calibrate and
compare results for 0 K calculations, and activation volumes can be used as a guide for

strain boost.
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Therefore, the present work would be a useful starting point for application of
the accelerated molecular dynamics technique to the analysis of homogeneous
dislocation nucleation. Once that is achieved, it will be possible to include the entropic
contribution to the activation energy, which is non-negligible at room temperature, as
proved by analysis of dislocation nucleation in a Cu nanopillar under compressive stress
[2,8].
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